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EFFECT OF STRAIN RATES 
 ON THE MECHANICAL PROPERTIES OF  
HIGH MANGANESE AUSTENITIC STEELS 
SUMMARY 
 
High manganese austenitic steels are mostly demanded by automotive 
manufacturers, due to their excellent mechanical properties. Their high strength and 
high ductility combination enables not only the reduction of weight, resulting in less 
fuel consumption, but also possibility of more complex designs and passenger safety. 
It is said that by the development of these steels, it is aimed to contribute ecologic 
balance (decreasing CO2 emission) and to provide safer conditions during crashes. 
In this study, mechanical properties and microstructural evaluation of cold rolled and 
annealed 4 high manganese austenitic steels - Alloy I (Fe-22.79Mn-0.31C-0.06Si), 
Alloy II (Fe-23.21Mn-0.57C-0.17Si), Alloy IV (Fe-18.4Mn-0.59C-0.10Si), Alloy 
VII (Fe-23.5Mn-0.71C-0.05Si) (in mass %) - after different tensile testings were 
investigated.  
Material characterization was conducted by using different techniques, including; 
metallographic investigations by optical microscopy, SEM und TEM prior and after 
deformation, investigation of surface conditions by confocal microscope, 
investigation of band formations and temperature distribution during deformation by 
IR videos.  
Also the effects of chemical compositions and stacking fault energies (SFE) on the 
mechanical properties were investigated. Especially, the effect of SFE was taken into 
consideration because it effects strongly the deformation mechanism type. As 
known, SFE lower than 20mJ/m
2
 leads to transformation induced martensitic 
plasticity, when SFE in range of 20-60 mJ/m
2
 leads to twinning.  
In this study, alloy I possessed  both TRIP/TWIP mechanism due to the lowest SFE 
value. However, the effect of transformation induced plasticity (TRIP) was more 
dominant than the efffect of twinning.(TWIP). The metallographic investigations 
also showed the formation of ε-martensite in the austenitic matrix of alloy I after 
deformation. Alloy IV showed also characteristics of both TRIP/TWIP effect 
however, TWIP effect was more dominant. Alloy II and VII possessed TWIP effect 
due to their higher SFE values.  
The twin formation provided high mechanical properties, such as high tensile 
strength and ductility after tensile testing with έ= 3x10-3 s-1. Alloy IV that possessed 
slightly TRIP and mainly TWIP effect, showed the highest strength values at higher 
strain rates because its SFE- value and quasi higher carbon content activated both 
transformation induced martensite and twinning formation. Martensitic 
transformation supported the strength mechanism when twinning provided both high 
xxvi 
 
strength and elongation. TRIP steel (Alloy I) had the lowest mechanical properties, 
due to martensitic transformation. The conducted investigations also showed that 
increasing strain rate decreased the tensile strengths of all investigated steels due to 
the thermal activation. The higher the strain rate, the higher is the temperature 
difference in samples during tensile testing. 
Alloying elements, especially Mn and C atoms effect SFE. The increment in their 
amount increase the SFE and change the deformation modes. It is known that Mn 
stabilizes the austenitic phase required for the transformation/twinning induced 
plasticity. Increasing Mn content results in a decrease of tensile strength but in an 
increased elongation. Actually, elongation continues to rise until approximately 
25wt.%Mn at which point the elongation stays nearly constant or with slightly 
decreasing tendency. However, in this study the investigated alloys had a Mn content 
lower than  25wt.%Mn.  
The applied tensile testing showed that the alloys behave differently at different 
strain rates. The mechanical properties of Alloy IV (TWIP-effect is more dominant) 
changed with increasing strain rates; the highest strength and quasi lower elongation 
belonged to alloy IV due to the slight martensitic transformation and twin formation 
in austenitic matrix. Alloy I (TRIP-effect is more dominant) showed a slightly 
decreasing tensile strength and elongation with increasing strain rate, the yield 
strength on the other hand increases slightly. Alloy II and alloy VII (TWIP steels) 
showed a decreasing tensile strength and elongation with increasing strain rate. 
On the other hand, at lower strain rate (3x10
-3
 s
-1
), TWIP steels showed higher 
elongations and higher tensile strengths, compared TRIP steel. The investigation 
made with thermocamera showed that at lower strain rates, band formation occurs 
during tensile testing resulting in inhomogeneous plastic flow. Increasing strain rate 
were believed to decrease the band formation due to the increases in dislocation and 
alloying elements mobility.  
Alloy II, IV and VII had TWIP effect however, the desired intensive twin formation 
could not be proved  by EBSD, due to the applied low strain. It was believed that the 
applied loads should be increased to observe the activation of the TWIP mechanism. 
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DEFORMASYON HIZININ 
YÜKSEK MANGANLI ÖSTENĠTĠK ÇELĠKLERĠN  
MEKANĠK ÖZELLĠKLERĠ ÜZERĠNE ETKĠSĠ 
 
ÖZET 
 
 
Yüksek manganlı östenitik çelikler sahip oldukları mükemmel mekanik 
özelliklerinden ötürü daha çok otomotiv endüstrisi için geliĢtirilir ve otomotiv 
üreticileri tarafından tercih edilmektedirler. Çağımızın en büyük problemlerinden 
olan Global Isınma‟ya en büyük neden yakıt tüketiminin artması ve araçlardan çıkan 
egzost gazlarının sera etkisi yapmasıdır. Son yıllarda bu zararlı etkileri azaltmak için  
yapılan araĢtırmalarda yüksek mukavemetli ve mükemmel bir Ģekil alabilirliğe sahip 
yüksek manganlı (15-30 wt.%) östenitik çelikler geliĢtirilmiĢtir. Bu yeni tür çeliklerle 
araç ağırlığı azaltılıp, yakıt tüketiminin azaltılması, dolayısıyla da emisyonların en 
düĢük seviyeye inmesi amaçlanmıĢtır. Böylece ekolojik dengeye katkı sağlanacaktır. 
Bu çelikler sahip oldukları yüksek mukavemet ve yüksek süneklik gibi mekanik 
özellikleri kombinasyonları nedeniyle dayanımdan ödün vermeyerek, araç 
ağırlığında azalma sağlamaktadırlar. Ayrıca daha az yakıt tüketimi sağlayarak enerji 
kaynaklarının korunabilirliğine yardımcı olmaktadırlar. Kompleks parçaların 
üretimini mümkün kalmakta, yüksek mukavemet değerleri nedeniyle geliĢmiĢ bir 
sürücü güvenliğine ortam hazırlamaktadırlar. Bu tür çeliklerin geliĢtirilmesindeki bir 
diğer önemli nokta ise kaza sırasında daha güvenilir koĢullar oluĢturmaktadır.  
 
Bu çalıĢmada yukarıda sıralanmıĢ olan karakteristiklere sahip çeliklerin geliĢtirilmesi 
amaçlanmıĢtır. ÇalıĢma sürecinde soğuk haddelenmiĢ ve tavlanmıĢ 4 adet farklı 
yüksek manganlı östenitik çelikle çalıĢılmıĢtır. Bu çelikler, plastisitesi dönüĢümle 
arttırılmıĢ TRIP çelikleri ve ikizlenme ile plastisitesi arttırılmıĢ TWIP çeliklerini 
içermektedir. Farklı deformasyon hızları altındaki davranıĢları incelenmiĢtir. Bu 
süreçte, alaĢımlar çekme testine ve mikroyapısal incelemeye tabi tutulmuĢlardır. 
Uygulanan çalıĢma planı sırasıyla Ģöyledir: Sıcak hadde, soğuk hadde, numune 
kesimi ve hazırlanması, tuz banyosunda 800°C‟de 30 dakika süresince yapılan ısıl 
iĢlem, έ = 3x10-3, έ = 3x10-2 ve έ = 1x10-1 gibi farklı deformasyon hızlarında yapılan 
çekme deneyleri ve tarama elektron mikroskobu (SEM), geçirimli elektron 
mikroskobu (TEM), Konfokal mikroskop kullanılarak yapılan mikroyapısal 
incelemeler.   
 
AlaĢım elementlerinin çeĢidi ve miktarı mekanik özellikler üzerinde çok etkilidir. 
ÇalıĢma sonunda elde edilen çeĢitli çekme mukavemeti ve akma muavemeti 
sonuçları bu durumu kanıtlamaktadır. ÇalıĢılan alaĢımların kimyasal kompozisyonu 
Ģöyledir: AlaĢım I (Fe-22.79 Mn-0.31C-0.06Si), alaĢım II (Fe-23.21Mn-0.57C-
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0.17Si), alaĢım IV (Fe-18.4Mn-0.59C-0.10Si), alaĢım VII (Fe23.5Mn-0.71C-0.05Si) 
(ağırlıkça %). Görüldüğü gibi en yüksek karbon ve mangan içeriği alaĢım VII‟ye ait 
iken, en düĢük karbon içeriği alaĢım I ve en düĢük mangan içeriği alaĢım IV‟e aittir. 
Bu farklılıklar ise, malzeme davranıĢlarını belirlemektedir. AlaĢım I hem TRIP hem 
de TWIP çeliği karakteristiğine sahip olup, etkin deformasyon mekanizması TRIP 
mekanizmasıdır. AlaĢım II ve alaĢım VII ise TWIP mekanizmasına sahip 
alaĢımlardır. AlaĢım IV de hem TRIP hem de TWIP çeliği karakteristiğine sahip 
olup, etkin deformasyon mekanizması TWIP mekanizmasıdır. 
 
Ġncelenen alaĢımların malzeme karakterizasyonu, deformasyon öncesi ve sonrasında 
optik mikroskop, tarama elektron mikroskobu (SEM), ve geçirimli elektron 
mikroskobu (TEM) kullanılarak yapılmıĢtır. Optik mikroskop incelemesi alaĢımların 
tavlanmıĢ hallerinde ve çekme testlerinden sonra yapılmıĢtır. Özellikle yüksek 
deformasyon hızlarında, TWIP çeliklerinin östenitik matriksinde oluĢan ikizlenmeler, 
TRIP çeliklerinde oluĢan martensit yapısı açıkça görülebilmektedir. AlaĢım II ve 
alaĢım VII‟de deformasyon sonrası oluĢan ikizlenmeler ve tane yönlenmeleri tarama 
elektron mikroskobunda yapılan EBSD analizleri ile kayda alınmıĢtır. OluĢan 
fazların kristalografik yönlenmeleri, dislokasyon öbekleri ve ikiz sınırları geçirimli 
elektron mikroskobuyla incelenmiĢtir. Deformasyon öncesi ve sonrasında numune 
yüzeylerinde meydana gelen yüzey pürüzlülükleri, yüzey topoğrafisindeki değiĢimler 
ise konfokal mikroskopta incelenmiĢtir.   
 
Çekme testleri 3 ayrı deformasyon hızında yapılmıĢtır. Elde edilen sonuçlar ise 
Origin 8 programında grafiğe dökülmüĢlerdir. Deformasyon sırasında çeliklerin iç 
yapısında oluĢan bantlar ve ilgili sıcaklık dağılımı çekme testi sırasında kullanılan 
termokameradan elde edilen IR videolar ile gösterilmiĢtir. 
 
Hata yığın enerjisi (SFE) çeliklerdeki deformasyon mekanizmalarını belirlemektedir. 
SFE 20 mJ/m
2‟den küçük olduğunda TRIP mekanizması aktive olurken, bu değerin 
20-60 mJ/m
2
 aralığında olduğunda TWIP mekanizması aktive olmakta ve 
ikizlenmeler görülmektedir. 60 mJ/m2‟den yüksek değerlerde ise dislokasyon 
kayması görülmektedir.  SFE aktif mekanizmayı belirlediği için, çalıĢmama konu 
olan bu dört farklı alaĢımın ilgili hata yığın enerjileri ayrıntılı olarak araĢtırılmıĢtır.  
 
Elde edilen bulgulara göre, alaĢım I en düĢük hata yığını enerjisine sahip olduğu için 
hem TRIP hem de TWIP mekanizmasına sahiptir. Öte yandan, dönüĢümle plastisite 
arttırılmıĢ mekanizma (TRIP mekanizması), ikizlenme mekanizmasından (TWIP 
mekanizması) daha baskındır. Bu durum, deformasyon sonrasında yapılan optik 
mikroskop ile yapılan incelemelerde ve SEM‟de yapılan EBSD analizlerinde, 
östenitik matriksteki -martensit oluĢumuyla da ispat edilmiĢtir. Matrikste bulunan -
martensit nedeniyle alaĢımın %uzaması düĢük değerlere sahiptir.  
 
AlaĢım IV de hem TRIP mekanizması hem de TWIP mekanizmasına sahip olmakla 
birlikte TWIP mekanizması daha baskın olan mekanizmadır. Sahip olduğu TRIP 
etkisi yüksek çekme mukavemetine neden olurken, TWIP etkisi yüksek %uzamaya 
sebebiyet vermektedir. Dolayısıyla, alaĢım IV bünyesinde bu iki mekanik özelliği 
optimum olarak barındırmaktadır. 
 
AlaĢım II ve alaĢım VII ise sahip oldukları en yüksek hata yığını enerjisiyle TWIP 
mekanizmasına sahiptir. TEM ve SEM analizleri, optik mikroskop incelemesinden 
xxix 
 
elde edilen mikrograflar östenitik matrikste oluĢan ikizlenmeyi açıkça 
göstermektedir. Dolayısıyla, alaĢımların %uzamaları yüksek değerlere ulaĢmaktadır.  
 
Ġkizlenme oluĢumu, yüksek mekanik özellikler sağlamaktadır. έ = 3x10-3 s-1 lık 
deformasyon hızından sonra yapılan ölçümlerde de yüksek çekme mukavemeti ve 
yüksek sünekliğin sağlanabildiği görülmüĢtür. Hafif TRIP ve baskın olarak TWIP 
mekanizmasına sahip olan alaĢım IV yüksek deformasyon hızlarında, diğer alaĢımlar 
arasında en yüksek mukavemet değerine sahip alaĢımdır çünkü, sahip olduğu hata 
yığını enerjisi ve yüksek karbon (C) içeriği hem dönüĢümle plastisiteyi arttırmakta 
(TRIP etkisi) hem de ikiz oluĢumu (TWIP etkisi) sağlamaktadır. TRIP etkisi sonunda 
görülen martensitik dönüĢüm mukavemet mekanizmasını arttırırken, TWIP 
mekanizması hem mukavemeti hem de uzamayı arttırır. Sadece TRIP 
mekanizmasına sahip AlaĢım I, martensitik dönüĢümden ötürü en düĢük mekanik 
özelliklere sahiptir.  
 
Çekme testi sırasında, alaĢımlar %10 deformasyona maruz bırakılmıĢlardır. 
Ölçümlerde termokamera kullanılarak, numune üzerinde meydana gelen bant 
oluĢumu gözlenmiĢtir. Test sırasında, numuneler üzerinde meydana gelen sıcaklık 
gradyentleri renk skalasında gösterilmektedir. En fazla sıcaklık değiĢimi alaĢım I‟de 
görülmektedir. Bunun nedeninin ise martensitik dönüĢümün olduğu 
düĢünülmektedir. Öte yandan, alaĢımlarda meydana gelen bu termal aktivasyonun 
çekme mukavemetini düĢürücü etkisi olduğu saptanmıĢtır. Çekme testi sırasında, 
uygulanan deformasyonun hızı ne kadar fazla ise, numune içinde meydana gelen ısıl 
değiĢimler o kadar büyüktür.     
 
Otomotiv endüstrisi için geliĢtirilmiĢ olan yüksek manganlı bu östenitik çelikler, 
sahip oldukları mükemmel çekme mukavemeti-süneklik kombinasyonuyla çevre 
dostu ve daha güvenilir otomobilleri mümkün kılmaktadırlar. Daha çok araç 
iskeletinde kullanılırlar. Ġncelenen alaĢımlardan, alaĢım IV‟ün optimum özelliklere 
sahip olduğu göz önünde bulundurulmaktadır. Sahip olduğu TRIP mekanizması, -
martensit dönüĢümüne neden olmakta ve martensitik dönüĢüm de yüksek mukavemet 
değerleri kazandırmaktadır. TWIP mekanizması sayesinde ise matrikste ikiz oluĢumu 
görülmektedir. Ġkiz sınırları, tane sınırları gibi davranmakta ve dislokasyon 
kaymasını zorlaĢtırmaktadır. Dolayısıyla da hem mukavemete, hem de uzamaya 
büyük katkı sağlamaktadır. Dolayısıyla, otomotiv uygulamaları için bu alaĢımın 
kullanımı önerilebilir.  
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1. INTRODUCTION 
 
Global warming is a serious threat nowadays. The glaciers are melting, sea levels are 
rising and more greenhouse gases are releasing.  Greenhouse gases are known to 
occur such as water vapor, methane, ozone and carbon dioxide. 
Worldsteel Association has conducted an environmental case study about the usage 
of AHSS in automobiles. Their obtained results were given below, in Figure 1.1. 
According to the findings; for every 1 kg of AHSS used in a vehicle, savings of 8 kg 
green house gases can be achieved. Thus, the weight of body-in-white (BIW) 
decreases significantly, leading to a lighter automotives and lower fuel consumption 
[51]. As can be seen, the emission of green house gases decreased in 5.7%, which is 
a great benefit to reduce their harmful effects. 
 
Figure 1.1 : The advantages of AHSS compared to conventional steels [51]. 
Automotive steels can be classified in 3 different steel groups: These classified steel 
groups are given below; 
 Low-Strength Steels  
 Conventional High Strength Steels (HSS)  
 Advanced High Strength Steels (AHSS)  
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The types of these 3 different steel groups were given below, Figure 1.2 [47]. 
 
Figure 1.2 : Types of low, conventional high and advanced high strength steels [47]. 
The principal differences between conventional HSS and AHSS are their 
microstructures. AHSS are multi-phase steels, which contain aside well workable 
ferrite different amount of martensite, bainite and/or retained austenite to produce 
unique mechanical properties. They have two subgroups, such as 1. generation 
AHSS und 2.generation AHSS. Also twin formation which is on of the topics of this 
study plays an important role on mechanical properties and increase the value of 
AHSSs. Conventional steels, such as interstitial free steels, have lower strength and 
elongation, because of their mainly ferrite microstructure [16]. The elongation-tensile 
strength variations of various types of steels are compared in Figure 1.3.  
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Figure 1.3 :  Strength-elongation relationships for low carbon, high 
strength,advanced high strength and high Mn steels [1]. 
In this work, the effects of different strain rates, the chemical composition and 
stacking fault energy (SFE) on the mechanical properties were investigated. It was 
observed that SFE value and especially amounts of C and Mn atoms determine the 
deformation modes. Tensile testings were conducted with three different strain rates 
έ=3x10-3 s-1, έ=3x10-2 s-1 and έ=1x10-1 s-1 to see the behaviors of mechanical 
properties under different deformation modes, related with SFE. The microstructural 
evolution prior and after tensile testing has been investigated by means of light 
optical microscopy (LOM), transmission electron microscopy (TEM) and scanning 
electron microscopy (SEM). Also a thermocamera was used to specify the 
temperature distributions on the alloys during testing.The investigations showed that 
higher SFE values activate the TWIP mechanism. By lower SFE values, martensitic 
transformation induced plasticity was observed. When the strain rate increased, the 
tensile strengths and elongation decreased due to the thermal activation. However, 
yield strengths increased by increasing deformation rate. 
1.1 Purpose Of Thesis 
 
This thesis aimed to support the development of Advanced High Strength Steels 
(AHSS), especially TRIP and TWIP steels for the automotive industry and to avoid 
the emission of dangerous gases and increasing fuel consumption.
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 As known, in the last few years the contribution of road transport has increased until 
it has reached the 80% market share in the passenger sector. By 2010, the demand for 
mobility increased in the EU by 24% in the passenger cars and by 38% in the freight 
cars. The energy demand related to the industry of transport is approximately 30% of 
the total energy consumption in the EU and high amount of manmade CO2 comes 
from the burning of fossil fuels used in these various modes of transportation. 
Therefore, as the emission of CO2 is concerned, the only possible way is a 
corresponding reductionof fuel consumption [34]. For this purpose, an 
importantopportunity is offered by the introduction of lightermaterials in the 
construction of the bodywork and engine, to reduce the vehicle weight. Recently 
done investigations lead to the development of conventional high strength steels 
(HSS) and advanced high strength steels (AHSS), respectively. Each separate group 
contains better mechanical properties than the one before and today the 
investigations are focusing on the evaluation of AHSS that are characterised by 
increased strength combined with good formability and ductility. AHSS steels are 
lighter steels that achieve higher strength body structures with lower weight, 
resulting in less CO2 emissions compared to other body materials. According to a 
report published in 2010 AHSS, especially Twinning Induced Plasticity (TWIP) is in 
development and by introducing a high proportion of manganese content, somewhere 
between 10 and 15%, the overall density of the steel comes down by 6 to 7% [39]. 
Also, the experiments and processes that were conducted in this thesis were aimed to 
bring these innovations one step further. 
1.2 Literature Review 
1.2.1 Properties of advanced high strength steels (AHSS) 
AHSS are often referred by “generation” and the steels in the “first generation” 
include dual phase (DP), transformation induced plasticity (TRIP), complex-phase 
(CP) and martensitic (MART) steels. A desire to produce materials with significantly 
higher strengths has lead to the development of a “second generation AHSS” which 
are austenitic steels with high manganese contents and are closely related to 
conventional austenitic stainless steels [1]. Currently there is an increasing interest to 
develop a new class of steels referred to as the “third generation” advanced high 
strength steels, with excellent properties, e.g. tensile strength of 1000 MPa combined 
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with a total elongation of 30%, but without the level of expensive alloying additions 
required in the second generation AHSS.  
Schematic microstructures of some of the AHSS were given below, in Figure 1.4 
[4]. As can be seen in the figure, there can be seen 5 different steels in AHSS group, 
which are dual phase steels, trip steels, complex phase steels, martensitic steels and 
twinning induced plasticity steels.  
Dual phase steels have martensite island in the ferritic matrix and are very popular in 
automomotive industry. TRIP steels have retained austenite in the ferritic matrix and 
provide better mechanical properties. Complex phase steels have martensite, retained 
austenite, perlite in the ferritic/bainitic matrix. Martensitic steels have martensitic 
matrix with ferrite and bainite phases. TWIP steels have deformation twins in the 
austenitic matrix. 
1.2.2 TRIP/TWIP effect and mechanism 
TRIP steels and twinning induced plasticity (TWIP) steels are currently the 
widespread steel options for high strength, high formability, weight reduction and 
improved safety performance.  
The investigated high strength low alloyed TRIP steels has a composition of 
0.15wt.%C-1.5wt.%Mn [1]. In TRIP steel, the transformation propagates 
dynamically during deformation. With increasing strain the volume fraction of 
austenite decreases whereas the volume fraction of ε-martensite stays nearly 
constant. The ε-martensite volume fraction increases for strain levels higher than 5%. 
The strain-induced martensitic phase transformation occurs during plastic 
deformation processes is named as the TRIP-effect, Figure 1.5 [1]. 
In this study, the investigated high manganese steeIs that showed dominant TRIP-
effect had a composition of 0.3wt.%C-22wt.%Mn and that showed slightly TRIP-
effect had a composition of 0.5wt.%C-18.4wt.%Mn.  
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Figure 1.4 : Schematic microstructures of some of the AHSS [1] [4]. 
TWIP steels are composed of single phase austenite at the room temperature due to 
their high manganese content (%15-30). The investigated high manganese TWIP 
steels had a compositions of 0.5wt.%C-23.2wt.%Mn, 0.5wt.%C-18.4wt.%Mn.and 
0.7wt.%C-23.5wt.%Mn. The austenitic microstructure leads to a twin formation 
inside the grains which causes a high value of hardening rate as the microstructure 
becomes finer and finer. The resultant twin boundaries act like grain boundaries and 
strengthen the steel. Actually, tensile strength and total elongation of the steel is 
dependent on the volume fraction of austenite before deformation. With increasing 
B 
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the volume fraction of austenite the tensile strength and total elongation is increased 
due to the formation of extensive twin formation under mechanical load, which is 
named as the TWIP-effect, Figure 1.5 [6]. 
Figure 1.5 : Lattice transformations during deformation [4]. 
TWIP effect occurs in a stable austenite, where the ΔGγfcc

hcp for the martensitic 
reaction is positive (110 to 250 J/mol) [44]. The related formula is given in (1.1). 
Although, hcp phase is not a stable phase in Fe-Mn-C system, it can form as -
martensite from the fcc phase in the range 15 to 30wt.% Mn.  
                                    ΔGγ= G(hcp) –Gγ (fcc)                                       (1.1) 
Below 15wt.% Mn, α´-martensite forms instead of -martensite indicating TRIP 
effect. Above 30wt.% Mn the stability of the fcc phase increases so that -martensite 
doesn‟t form [18]. However, in this study, no α‟-martensite formation was observed 
while the Mn contents of the investigated alloys were in range of 15-30 wt.%. 
Hallstedt et al. [18] also suggested that the driving force (ΔGγfcc

hcp) can be 
evaluated from the Ms and As temperatures. In Fe-Mn alloys without carbon it is 
about 100J/mol, independent of Mn content. The interface energy in the range 5- 15 
mJ/m
2 
indicated that stacking fault energy is still positive for pure Fe-Mn alloys 
when Ms is increased. When adding carbon, the Ms temperature and the driving force 
increases, Figure 1.6. At 0,3wt.%C (Alloy I) and 17wt.%Mn the necessary driving 
force is about 200J/mol. However, the tendency for higher carbon content than 0,3% 
(Alloy II, IV and VII) is unclear. According to Nakano et al. [36]the driving force for 
nucleation of hcp increases as Mn content decreases, indicating that there is more 
possibility of nucleation of the hcp phase from the fcc solution at lower Mn contents. 
 
  
 
 
 
 
   
   γfcc →εhcp →  άbcc 
 
   γfcc →εhcp 
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However, the magnetic order-disorder phenomenon affects the driving force for 
nucleation and creates a sudden drop around the TNéel temperature. This sudden drop 
shows that the hcp phase may be less favored to nucleate around 15 wt.% of Mn at 
room temperature. Therefore, it is easier to nucleate for the hcp phase 
homogeneously below or above 15 wt% Mn content, around which the magnetically 
ordered fcc phase may remain on cooling to room temperature, Figure 1.6 [36]. 
 
Figure 1.6 :  Driving force for nucleation of the hcp phase from the fcc phase in the 
Fe-Mn-C system [36].    
1.2.3. Stacking fault energy (SFE) 
A stacking fault that is a two dimensional cystal defect and is mainly observed in 
hexagonal structures. It is formed when a perfect dislocation splits up in two partial 
dislocations and the area between these two partials is a stacking fault which can be 
viewed as a layer of hexagonal close packed (hcp) structure within the fcc lattice. It 
is created by removing or inserting one {111} layer of atoms and this may happen 
when there is a massive excess of vacancies and interstitial atoms. However, in 
TWIP- and TRIP- effect, diffusion is not involved. Therefore, to create a stacking 
fault, the motion of partial dislocations must be achieved. As a crystal defect, it will 
cost some energy to form a stacking fault. In fcc crystals, perfect dislocations prefer 
dissociating into two Shockley partial dislocations than staying as an one dislocation 
(b= bp1 + bp2 (a/2<110> = a/6<112> + a/6<112>). In the Figure 1.7, given below, 
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burgers vector is a/2[10-1] in the (1-11) plane. The layer B on the top of the layer A 
are plotted smaller. Between the partial dislocations, the B atoms are shifted into C 
positions and the C layer (not shown) on top of the B layer is shifted into A, leads to 
the intrinsic stacking order ABCACABC [18]. 
 
Figure 1.7 :  Example of the interrelation between perfect and dissociated   
dislocations [18]. 
SFE is related to the difference in Gibbs energy between the hcp and fcc phases due 
to two atomic layers of hcp ( martensite) within the fcc crystal. The related equation 
is given below (1.2), Figure 1.8. [18] [36] The Mn-content range of the investigated 
alloys were marked with red. 
 
                                         γSFE =2ρΔG
γ
 + 2                                         (1.2) 
 
ρ         : the number of moles of atoms per m2 in one atomic layer 
ΔGγ  : the difference in Gibbs energy between the hcp and fcc phase 
σ  : the interface energy between fcc and hcp 
As can be seen above in Figure 1.8, below 15wt.% Mn, α‟-martensite forms instead 
of ε-martensite and above 30wt.% Mn a magnetic transition in the fcc phase 
increases the stability of the fcc phase so that ε-martensite does not form [18]. Also, 
above 30wt.%Mn, the Gibbs energy for martensitic transformation is higher, 
therefore system prefers fcc structure not to spent more energy.  
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Figure 1.8 : Calculation evaluation of ΔGγ (= Gε –Gγ) with the Mn content at     
298 K inthe Fe-Mn system [36]. 
 
1.2.3.1  Effects of alloying elements on SFE 
The amount of alloying elements strongly effect the SFE of these steel grades. In this 
study, especially the effects of manganese and carbon.elements were investigated. 
Their effects were summarized below. 
Manganese is the main alloying element in TWIP-steels. It preserves the austenitic 
structure based on the ternary system of Fe-C-Mn system, Figure 1.9.With an 
increasing Mn content, γ→ε transformation temperature is decreased. The main 
influence of Mn in TWIP steels is to control SFE; it first decreases to a minimum 
value and than above 20wt.%Mn increases again. Therefore, the deformation mode 
changes from TRIP to TWIP. At low Mn content the TRIP effect is dominant [1]. 
 
Figure 1.9 : Fe-Mn-C ternary system at 1100°C [19]. 
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The aim of high Aluminium additions to high manganese steels is to enhance 
deformation twinning by increasing the stacking fault energy (SFE) of the steels and 
to improve their corrosion properties. The stacking fault probability decreases with 
increasing Al content, the SFE increases linearly when Al content is lower than 6.27 
wt.%.  Al causes the suppression of the γ→ε phase transformation and the formation 
of deformation twins is favoured. Al addition is very effective for improving low 
temperature toughness. The ductile-to-brittle transition tends to disappear with an 
increase in Al content, Figure 1.10. Al-addition in TWIP steel increased ductility by 
prohibiting the necking [28]. 
 
Figure 1.10 : Ductile- brittle transition behaviour [28]. 
In contrast to aluminium, silicon decreases the amount of FCC phase and sustains the 
γ→ε transformation during cooling and deformation. It is found that it lowered SFE 
of austenite, resulting in an increase in the number of stacking faults, which are 
nucleation sites for the ε-martensite [20].  
The solubility of carbon is high in austenite, so that carbon alloying can be used to 
stabilize the austenite and also to strengthen the matrix by solid solution hardening. It 
increases the SFE and martensitic transformation is suppressed [20].  
In high Mn TWIP steel, the strong attractive interaction between C and Mn leads to a 
non-random distribution of interstitial C atoms in which there is a very high 
probability that a C atom occupies an octahedral interstitial position and forms an 
octahedral cluster for which the number of Mn atoms on the six nearest-neighbor 
positions is higher than the site occupancy expected on basis of the atomic Mn 
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concentration.This clustering leads to a higher lattice resistance to dislocation glide, 
as the passage of a partial dislocation will in general change the local position of both 
substitutional and interstitial atoms, C atoms are transferred to tetrahedral sites, 
Figure 1.11 [30]. 
 
Figure 1.11: Illustration of reduction of the short range order (SRO) during the 
passage of partial dislocation on their glide plan: the octahedral 
clusters are shared and the C atoms are transferred to tetrahedral 
interstitial sites. Left: before slip, Right: after slip [14]. 
During the deformation of low SFE alloys, the passage of partial dislocation causes a 
disordering of the C-Mn clusters. Increasing planar glide results in a higher strain 
hardening. In addition, the process of twinning in TWIP steel interacts with the 
ordering, as the homogeneous twinning shear also alters the degree of short range 
order [30]. High manganese steels with 25wt.%Mn content have 108 different 
octaeder vacancies for carbon to settle and 10 different octaeder vacancies for carbon 
with manganese and iron atoms around. The possible coordinations of Mn and Fe 
atoms in octaeder are shown below, in Figure 1.12. The more Mn atoms around 
carbon, the stabiler is the bonding and the lower system energy.  Mn-C interaction is 
stronger than Fe-C interaction. This bonding is antiferromagnetic below Neel-
temperature [6]. 
 
 
 
 
 
 
Figure 1.12 : Coordinations of Fe (red) and Mn (pink) atoms in octaeder [5, 6]. 
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1.2.4. Effect of temperature on SFE 
Besides alloying elements, temperature has also an important effect on SFE; it 
increased due to the decrease in the size of the dislocation cluster when the 
temperature was increased to 300 K. It was also found that this behavior was 
reversible below 300K, however by increasing temperature (up to  390K) it was 
getting irreversible due to the pinning of dislocations by the carbon atoms [38]. 
Figure 1.13 shows the isocarbon and isomanganese diagrams of 0,6 wt.% carbon and 
22 wt.% manganese. 
 
Figure 1.13 : a) Isocarbon (6 wt pct)  b) isomanganese (22 wt pct) SFE diagrams 
by increasing temperature. Movements of isocarbon and 
isomanganese lines at 300 K are seen in figures by changing 
interfacial energy [38]. 
While the isocarbon diagram in Figure 1.13(a) showes a polynomial trend of SFE 
against increases in the manganese content, the isomanganese diagram in Figure 1.13 
b) has an almost linear increasing behavior due to increases in the carbon content. 
Moreover, the effect of temperature on the isocarbon lines is  more important for 
lower manganese contents. It can also be seen from the width of the gaps between 
the curves, that is, the change in SFE due to increases in temperature, which is higher 
for lower manganese contents [38]. 
Figure 1.14 shows the composition-dependent SFE maps in the Fe-Mn-C system for 
increases in temperature from 373 to 673 K. In a) the lines of the calculated 
interfacial energy could be seen. According to the equation (II) decreasing interfacial 
energy increases the SFE. SFE effect observed in a) at 300K completely destroys in 
d) at 700 K and dislocation glide is activated. As can be seen in a) with SFE value of 
15-20 mJ/m
2
 TRIP effect is activated, when higher SFE values activate TWIP effect 
[38].
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Figure 1.14 : Variations in composition-dependent SFE maps by increasing    
temperature: (a) 373 K, (b) 473 K, (c) 573 K, and (d) 673 [38]. 
1.2.5  Deformation mechanisms of steels 
Stacking fault energy (SFE) is an important parameter influencing deformation 
mechanism type. High manganese steels are plastically deformed through strain-
induced martensite formation,mechanical twinning, and pure dislocation glide, due 
to increases in the SFE value, Figure 1.15.  
If SFE is very low (≤20 mJ/m2) martensitic induced plasticity is favoured. However, 
higher SFE (20 mJ/m
2
) suppresses martensitic phase transformation and favours 
mechanical twinning until 60 mJ/m
2. And at high SFE (≥60mJ/m2) the glide of 
perfect dislocations is dominant because the partition of dislocations into Shockley 
partial dislocations is difficult [1]. 
Stacking fault energy of the TRIP steel is associated with ε-martensite formation, 
which act as nucleus of α‟-martensite, during deformation of unstable (low SFE) 
austenite. On the other hand, TWIP arises from occurrence of mechanical twinning 
during deformation of metastable (medium SFE) austenite. Therefore, it is important 
to choose the suitable alloying elements to obtain metastable austenite. 
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Figure 1.15 : Deformation mechanisms related to the SFE value. 
1.2.5.1  Strain induced martensite formation 
The concept of strain induced martensitic transformation means that martensite can 
form even though the temperature is above Ms. The deformation induced 
transformation is separated in two types; one is the stress assisted transformation 
where stresses help to initiate transformation, even though the temperature is above 
Ms and the other type is the strain induced martensitic transformation, where 
dislocation formation works as easier nucleation sites for the martensite [22]. The 
required SFE value is lower than 20mJ/m
2
 to active the strain induced martensite 
formation.  
The austenite phase can transform to two different types of martensite; hexagonal 
close packed (HCP) martensite, called ε-martensite and body centered cubic (BCC) 
martensite, called α„-martensite. The α„-martensite nucleate at dislocation pileups, 
while the nucleation of ε-martensite occurs at stacking faults. It has been known that 
the initial α„-martensite nuclei are coherent with the parent austenite. The ε- 
martensite is believed to remain coherent with the parent austenite. With enough 
driving force (decrease in Gibbs free energy in Eq.(I), G=200mJ/mol) α„-martensite 
nucleus will rapidly grow as plates. The growth of the martensite will stop at high 
angle grain boundaries or at other martensite plates, see Figure 1.16. This implies 
that the austenitic grain size is affecting the growth of martensite plates. Smaller 
austenitic grain size will induce smaller martensite plates. In this study, no α‟-
martensite transformation was observed. The analyses showed the presence of only 
ε-martensite. 
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Figure 1.16 : Schematic of the growth of `-martensite plates. Their growth is 
 stopped by other martensite plates or high angle grain boundaries 
[22]. 
1.2.5.2  Mechanical twinning 
Twinning is an important deformation mechanism inface-centered cubic (fcc) metals 
and alloys with a stacking fault energy (SFE) of 20-60 mJ/m
2
. It is accepted that 
twinning in metals and alloys is initiated by pre-existing dislocation configurations 
which dissociate into multi-layered stacking fault structures forming a twin nucleus.  
Dislocation-based mechanisms involve glide of Shockley partial dislocations 
(twinning dislocations with Burgers vector lbtwinl = ao<112>/6, where a0 is the fcc 
lattice constant) on successive {111} planes to create multi-layered faults that could 
then produce a twin. Twinning in fcc crystal occurs by shear on the {111} plane in 
the [112] direction. However, slip can occur on a {111} plane in either the [110] or 
the   [1-10] direction. Figure 1.17 shows the change of stacking in the fcc lattice due 
to passage of partial dislocations with Burgers vector bp = btwin, during twin 
nucleation. Passage of the partial dislocation on the first layer creates an intrinsic 
stacking fault (isf), and the second and third partial dislocations  on successive planes 
then create a three-layer twin stacking fault (tsf). Passage of more partials on 
neighboring {111} planes results in formation of larger twins [25]. 
Twinning occurs at low temperatures, in a coarse grained microstructure and at high 
strain rates, in presence of metastable austenite.  Twins nucleate at stacking faults 
and materials with a low stacking fault energy have a higher tendency to form twins.  
Twin formation causes grain refinement and it is an important deformation 
mechanism when there are not sufficient slip systems to accomodate a deformation. 
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By twinning manganese-alloyed steels can accommodate very fast at high strains. 
without breaking. 
  
Figure 1.17 : (from left to right) perfect fcc, one-layer (intrinsic) fault, two-layer     
fault and three-layer (twin) fault. The arrows indicate the successive 
{111} planes on which Shockley partials with Burgers vector          
bp = a0<112>/6 are passed. The translation vector T3 maintains fcc 
stacking between adjacent supercells [25]. 
There are two types of twins that can be observed in high manganese steels; 
annealing twins and deformation twins, Figure 1.18 [5]. Deformation twins can be 
observed only after applying deformation. Crystallographically, annealing and 
deformation twins are identical, and consist of stacking faults on {111} planes. These 
faults are produced by the glide of Shockley partials [33]. 
 
Figure 1.18 : Morphologies of twinned grains: a) annealing twins; b) deformation   
twin [5]. 
1.2.5.3  Pure dislocation glide 
In fcc materials primary slip occurs on {111}-planes in <110>-type directions when 
SFE is higher than 60 mJ/m
2
. In fcc crystals a perfect dislocation {111} <110> can 
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dissociate in two imperfect or partial dislocations to lower its total energy and creates 
an incoherent lattice transition, a stacking fault, Figure 1.19. These dislocations are 
the result of sliding atoms moving to a location that is not a lattice point. So, the 
transition along the dislocation line, between the original lattice and the sheared 
lattice part, goes in two steps along two different <112> type directions resulting in 
<110>-type dislocation after the second step. These partial dislocations are known as 
Shockley partial dislocation (<112>/6). In Figure 1.20 the vectors from B→C and 
C→B are b2 = [2-1-1] /6 and b3 = [11-2] /6 respectively. It is advantageous for a 
perfect dislocation with Burger‟s vector b1 = [10-1] /2 to split into two partial 
dislocations with Burger‟s vectors b2 and b3. The reaction b1 → b2 + b3 is indeed 
energetically favourable [28]. 
 
 
Figure 1.19 : The glide plane and stacking fault between two partial dislocations   
[48]. 
At high SFE values, the partition of dislocations into Shockley partial dislocation is 
difficult. Therefore, the glide of perfect dislocations is the dominant deformation 
mechanism. At this situation, elongation is low as a result of suppressed deformation 
twinning and active dislocation glide. 
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Figure 1.20 : Schematic illustration of slip on a {111} plane, [101] direction in a fcc 
crystal [28]. 
1.2.5.4  Dynamic strain aging (DSA) 
The flow curve of high Mn TWIP steels containing interstitial carbon are often 
characterized by serrations, the Portevin–LeChatelier (PLC) phenomenon, and a 
negative strain rate sensitivity (SRS). Both result from a microscopic Dynamic 
Strain Aging (DSA) process, Figure 1.21. DSA results in an increase in flow stress 
and strain hardening, but a decrease in post-uniform elongation and a reduction of 
area at fracture. When both DSA and NSRS occur simultaneously, Portevin–
LeChatelier (PLC) bands will be observed, and the stress–strain curve will have 
characteristic serrations. 
 
Figure 1.21: The interactions between DSA-PLC-SRS. 
 
 In FeMnC alloys the SRO (short range order) or SRC (short range clustering) are 
related to the formation of octahedral clusters by substitutional Mn (r = 140 pm) and 
interstitial C (r = 70 pm) atoms, The microscopic origin of the PLC effect is the 
dynamic strain aging (DSA) of the material due to the interaction between mobile 
dislocations and diffusing solute atoms. At the macroscopic scale, this dynamic strain 
aging leads to a negative strain rate sensitivity (SRS) of the flow stress and makes the 
plastic deformation nonuniform [14]. Figure 1.22 showed the Dastur-Leslie model. 
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Figure 1.22 : Dastur-Leslie model: dynamic strain aging in FeMnC alloy is caused 
by the reorientation of Mn-C cluster in the dislocation stress field 
during dislocation motion [14]. 
Dynamic Strain Aging (DSA) is explained as a dynamic interaction between gliding 
dislocations and mobile solute atoms. The serrated flow occurs during deformation in 
the dynamic strain aging region results from the interaction between mobile 
dislocations and solute atoms. The mobile dislocations that are generated during 
deformation are pinned by the solute atoms, and new mobile dislocations must be 
generated for deformation to continue [45]. This results in a much larger and more 
uniform dislocation density in the deformed material than that from straining at room 
temperature. It occurs when an aging process, related to solute atoms, is fast enough 
to occur during deformation, for example when the dislocation velocity is similar to 
the solute mobility, as dislocations move by means of thermally activated jumps, 
with a characteristic waiting time between two jumps. No long range diffusion is 
required and the solutes involved in the aging process may actually remain immobile 
in the lattice. If the dislocation velocity is high enough to avoid pinning by solute 
atoms, no DSA occurs [4].  
DSA is usually not observed immediately after the start of straining, and a critical 
strain εC must be first achieved before the serrated flow is observed. This believed to 
be due to the fact that sufficient vacancies must be first created to enhance the solute 
diffusion to dislocations.  
The Portevin-Le Chatelier (PLC) effect, also known as disordered flow, denotes a 
plastic instability, which is related to the discontinuous plastic flow and plastic strain 
inhomogenities, Figure 1.23. It can be observed in many dilute metallic solid 
solutions that include both interstitial and substitutional atoms. The PLC effect is 
usually undesirable due to its detrimental influences like loss of ductility and the 
appearance of surface markings on the specimen.  
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It is known that the possibility of the PLC effect reduces by decreasing the solute 
concentration or influencing the internal structure by precipitation. The interactions 
between precipitates and dislocations are assumed to cause the PLC effect. In 
contrast to the classical model of solute-dislocation interactions, the serrated flow is 
also believed to be caused directly by the shearing of precipitate, i.e., by the 
interactions of precipitates with mobile dislocations [43]. The microscopic origin of 
the PLC effect is still a matter of debate. It is mostly explained as the dynamic 
interaction between the moving dislocation and the diffusing solute atoms. The 
mobile dislocations which are carrier of the strain move disorderly between the 
obstacles provided by the other defects [40]. 
       
Figure 1.23 : Stress-strain curve for Al-2,5wt.%Mg alloy deformed at the strain rate 
3.85×10-4sec-1  [9]. 
 
The deformation band formed at the center of the specimen. The aging of 
dislocations in the band occurred until the stress was raised to its normal level. After 
the stress reached a normal level, the band started to propagate through the specimen 
and the strain increased. The moving PLC deformation bands increased the 
temperature of the specimen locally due to this highly concentrated strain. This made 
it possible to record clear IR thermographs of the individual propagating bands 
which could be also observed in this study. The initiation and propagation of 
localized deformation bands produced a serrated flow curve [27]. 
In the PLC regime plastic deformation is mainly inhomogeneous and concentrated in 
bands.  Instead of a single dislocation, a bunch of dislocations move coherently. At 
different strain rate and temperature, three types of bandsare observed : Type A, Type 
Dislocation move 
disorderly between 
the obstacles. 
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B, Type C. When the strain rate increases and temperature decreases, types of bands 
change like Type C→ Type B → Type A . They are explained below, in Figure 
1.24.  
When the PLC effect arises, notably in some alloys and at high deformation, 
intermittent yielding points, or plastic instabilities, are observed, and the deformation 
is spatially inhomogeneous [12].Scavina et al. [41] suggested that manganese is the 
main alloying element and stabilizes the austenitic matrix at room temperature when 
carbon is employed to increment the yield and tensile strength by interstitial solute 
hardening.   
 
Figure 1.24 : Characteristics of Type A, Type B, Type C Bands [9, 10]. 
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In Figure 1.25 an example was given tothe PLC effect. TWIP steel showed PLC 
effect during uniaxial tensile tests for strain rates lower than 3x10
-1
 s
-1
. These plastic 
instabilities are probably caused by the observed negative strain-rate sensitivity 
(decreasing the flow stress with increasing strain rate). The plastic instabilities 
appear as easily visible successive surface bands; the first bands travel throughout 
the specimen [41]. 
 
Figure 1.25 : True stress-true strain curves of 0.5 wt pct C, 22 wt pct  steel [41]. 
In Figure 1.26 schematic diagram of a band formation on true stress-true strain curve 
was given; band nucleation occurs at serrations or steps and propagates between the 
steps [21]. The material locally hardens during band propagation.As known, by 
lower strain rates, the mobile dislocations that were waiting at an obstacle - grain 
boundaries and twins- pinned by diffusing carbon atoms. When the applied strain 
rate increased, carbon atoms couldn`t diffuse fast enough to stop the dislocation 
mobility and the stress needed for dislocation mobility reduced, leading to negative 
strain rate sensitivity.  
These phenomenons that resulted from a DSA, increased the strain hardening. Kim et 
al. [26] suggested that DSA wasn`t usually observed  immediately after the start of 
straining and a critical strain, εC must be reached before the formation of serrated 
flow. This was believed to be reason of vacancy creation to provide the carbon atoms 
diffusion to dislocations.  
24 
 
 
Figure 1.26 : Schematic of a true stress-true strain curve showing that band   
nucleation occurs at serrations or steps. Band propagation occurs  
between the steps, as indicated. The material locally hardens 
during band propagation [21]. 
Ernestova [15] investigated the PLC behavior of low-alloyed steel. The investigated 
alloy has a chemical composition of 0,15wt.%C and 0,4wt.%Mn. As can be seen in 
Figure 1.27 a), by 2,5x10
-6
 s
-1
, the curves doesn`t show any serrations at room 
temperature and b) shows that marked serrations occurs at strain rates <10
-4
s
-1
.  
In this study, tensile tests were conducted at room temperature with strain rates of    
3x10
-3
 s
-1
, 3x10
-2
 s
-1
, 10
-1
 s
-1
, respectively and the serrations at lower strain rates 
could be observed more clearly. 
  
                               a)                                                      b) 
  Figure 1.27 : Stress-strain curves on the DSA of 0,14 C wt 0,45 Mn wt a) effect of  
temperature at a strain rate of 2,5x10
-6
 s
-1 
b) effect of strain rate at a 
temperature of 290°C. 
It has been known that the Portevin-Le Chatelier (PLC) effect is the mechanism 
responsible for the negative strain rate sensitivity. The occurrence of the PLC effect 
is clearly identified by the jerky nature of the material‟s stress-strain curve, and the 
macroscopic banding that develops on the material‟s surface. When a mobile 
dislocation is waiting at an obstacle, it may be pinned by diffusing solute atoms. An 
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increased force is required to break the dislocation free of the solute atoms, and the 
successive pinning and unpinning events result in serrated flow.  
If the applied strain rate is increased, the solute atoms are not able to diffuse fast 
enough to pin dislocations before they can overcome obstacles. As a result, the 
magnitude of serrated flow and the stress needed for dislocation motion are both 
reduced, and a negative rate sensitivity ensures.  
At high strain rates, the Portevin - Le Chatelier effect disappears; additional pinning 
due to solute atoms is not possible because the waiting time of dislocations at 
obstacles is too short for the diffusion to occur. Repeated dislocation pinning by 
interstitial solute elements is a necessary condition to produce a negative strain rate 
sensitivity [37]. A schematic diagram of the SRS is shown in Figure 1.28. 
 
Figure 1.28 : Schematic plot of the SRS. Branch B’D’ shown by the dashed line 
describes the negative strain rate sensitivity of the PLC effect. 
Dotted lines represent the discontinuous strain rate jumps leading to 
serrations in the stress-strain curve [37]. 
The slope of stress versus velocity at low velocities is much higher than that 
corresponding to high velocities since in the former case, solute atoms have to be 
dragged along with the dislocations, while in the latter case there is no solute 
atmosphere.  
1.2.6  Mechanical properties of high manganese steels 
Transformable high manganese austenitic steels are ideal candidates for the 
applications of decrease in fuel consumption and increase in passenger safety due to 
their high work hardening capability. As can be seen below, in Figure 1.29, they 
consist of mainly 4 different steel groups: medium Mn TRIP, high Mn TRIP, TWIP, 
MBIP. In this study, high Mn TRIP, TRIP/TWIP and TWIP steel were investigated. 
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TWIP steels are expected to have an initial fully austenitic microstructure. They 
usually have high uniform elongation and high work hardening rate. During tensile 
testing alloy deformed by mechanical twinning. 
The steels that have both TRIP/TWIP effects have also fully austenitic initial 
microstructure, with lower uniform elongation and lower work hardening rate. 
Twinning and ε-martensite formation are observed at high strain rates. TRIP steels 
have an initial microstructure of ε-martensite and austenite. A high work hardening 
rate is related with the transformation of ε-martensite. MBIP steels have the highest 
strength-elongation combination [49].  
The difference between the TRIP and TWIP transformation is dependent on the 
Stacking Fault Energy (SFE) of the alloy, where it is thought that the SFE plays a 
critical role in determining the nucleation of a twins or  ε-martensite. In low SFE 
austenitic steels, the increased partial dislocation separation of dislocation segments 
results in the twin nucleation once a critical shear stress is reached. 
 
Figure 1.29 : Mechanical properties of steels with high manganese content [39]. 
 
During deformation, the grains are progressively subdivided by the twinning process, 
and the internal twin boundaries increase the strain hardening by reducing the 
dislocation slip distances, by increasing dislocation accumulation and storage. 
Mechanical properties of some alloys were given below in Figure 1.30, as an 
example. The alloys that have almost similar chemical compositions with in this 
study investigated alloys were marked red.  
In high Mn TWIP steel, there is a strong attractive interaction between C and Mn that 
leads to a non-random distribution of interstitial C atoms in which there is a very 
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high probability that a C atom occupies an octahedral interstitial position and forms 
an octahedral cluster and Mn-C pairs that leads to a higher lattice resistance to 
dislocation glide and higher strain hardening, Figure 1.22. 
  
Figure 1.30 : The materials used currently in the construction of car bodies [14]. 
An approach made by Kriangyut [28] to strain hardening were given in Figure 1.31. 
For low SFE alloys, the hardening is described in 4 steps; Stage A, stage B, stage C 
and stage D. At stage A martensite forms and the strain hardening rate increased with 
increasing martensite volume fraction. It takes place up to very low strains. This 
behaviour could be observed in Alloy I, due to its low SFE and related TRIP 
characteristic. By stages B and C, the strain hardening rate gets constant and than 
decreases. At higher strain rates, stage D is activated. It is the second constant 
hardening stage. As can be seen in b), the strain hardening rate observed at lower 
SFE metals in stage D is higher than the strain hardening rate typically observed in 
higher SFE metals. 
Hot deformation resistance of high Mn TWIP steels increases with increasing Al 
alloying close to 6%. With Al content beyond this, the flow stress decreases due to 
the presence of ferrite, ductility increases and the necking is prohibited. With 
increasing Mn content the ultimate tensile strength decreases. De Cooman et al. [14] 
also suggested that the serrated stress-strain curves can be avoided by increasing the 
Al content because Al addition increases the SFE. 
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                             a)                                                            b) 
Figure 1.31 : a) The four stages of strain hardening with the proposed 
mechanisms b) Schematic representation of strain hardening 
regimes in polycrystalline fcc metals  [28]. 
1.2.6.1  Mechanical properties after cold rolling 
Plasticity mechanisms in metals depend mainly on SFE. TRIP and TWIP effects in 
the Fe-Mn-C system occur under slightly different conditions. During plastic 
deformation of metastable austenite, this phase may decompose partially to either    
ε- or ‟-martensite in the so-called TRIP effect which markedly increases the work 
hardening rate. Austenite, which is thermodynamically stable can result in 
mechanical twinning that enhances strength and ductility in the so called TWIP 
effect [32]. 
In this study, alloy I were believed to have mainly TRIP- and slightly TWIP effect 
when alloy IV were believed to have slightly TRIP- and mainly TWIP-effects, due to 
its higher SFE. Yaping Lü et al. [32] observed that hexagonal ε acts as an 
intermediate stage in the transformation from γ to cubic α‟-martensite. The evolution 
of the microstructure after cold rolling were shown below, in Figure 1.32. The dark 
etching areas tended to correspond to regions rich in ε-martensite since it is more 
easily etched than the austenite. Images revealed that localized packs of lamellar 
deformation lines are typical for the cold rolled microstructure, which is consistent 
with numerous reports about the deformation mechanism during the cold rolling of 
low stacking fault fcc materials. These lamellar lines probably correspond to either 
twinning or ε-martensite during deformation, but it is also shown that these lines can 
simply be due to slip lines [32]. 
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Figure 1.32 : Optical images of the cold rolled specimens Fe–22 wt.% Mn–0.376 
wt.% C at different strain levels(a)εs = 0.22, (b) εs = 0.36, (c)εs = 
0.51, (d) εs =0.69 [32]. 
TWIP Steel has a combination of high-strength and high-plasticity. It has an entirely 
austenitic structure at room temperature. Most austenitic steels that contain high 
manganese content (about 15 to 25wt.%Mn) have twinning mechanical deformation 
during cold rolling. Because of the twin formation, high-plasticity is produced 
without necking. TWIP steel such as investigated alloy II and alloy VII have 
excellent mechanical properties, high-plasticity and high strength. [35] Spindolaet al. 
[44] suggested that the localized deformation lines in the cold-rolled specimen may 
presumably be attributed to extensive twinning of the alloy during deformation, 
Figure 1.33. At higher strains, the lamellar deformation structure reveals 
macroscopic shear bands. This type of shear bands is a direct consequence of 
excessive mechanical twinning [7]. 
 
Figure 1.33 : Microstructure of Fe-22wt.%Mn after cold rolling [7]. 
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1.2.6.2  Mechanical properties after annealing 
High tensile strength and uniform elongation of austenitic steels are required a fine-
grain microstructure obtained by cold rolling and recrystallization. As the annealing 
temperature increases, there is an increase in the total elongation. Annealing 
processes at higher temperatures reduce the initial dislocations density form during 
the cold rolling and enhance high strain hardening with the delay in the formation of 
the necking and fracture of the specimen [44]. The fully recrystallized microstructure 
of Fe-22wt.%Mn after annealing at 700°C is shown, above, in Figure 1.34. 
 
Figure 1.34 : SEM micrographs of Fe-22wt.%Mn after annealing at 700˚C. 
The fine grain size of the fully recrystallized material plays an important role in 
achieving excellent mechanical properties. A tensile strength (Rm) > 1000 MPa 
could achieved as a result of the small grain size, while the TWIP effect results in a 
uniform elongation AU of at least 50% [7]. The recrystallized volume fraction as a 
function of annealing temperature is shown in Figure 1.35. 
 
Figure 1.35 : Recrystallized volume fraction versus annealing temperature for     
samples annealed between 600˚C up to 850°C [44]. 
Spindola et al. [44] indicated that the recrystallization process is complete for 
temperatures above 800°C. Because the steel is in there crystallization zone         
31 
 
when the annealing temperature is 800°C, the size of annealing twins is small. The 
microstructure has ferrite and austenite [35]. The annealing twins increase with the 
increasing deformation. The cold rolling reduction changed the recrystallization 
temperature. The increase of cold rolling reduction can decrease the annealing 
temperature. In this study investigated alloys were annealed at 800°C for 30 minutes. 
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2. EXPERIMENTAL PROCEDURE 
2.1 Alloy concept 
Four Fe-Mn-C based high manganese steels (HMS) were investigated in this study. 
Different alloying elements were added to obtain the required mechanical properties. 
C is a well-known austenite stabiliser and effective solid solution strengthening 
element. Alloying C into HMS increases the SFE and suppresses the martensitic 
transformation [20].On the other hand, manganese addition preserves the austenitic 
structure. With an increasing Mn content, γ→ε transformation temperature is 
decreased. The main influence of Mn in TWIP steels is to control SFE; it first 
decreases to a minimum value and than above 20% Mn increases again [1]. C and M 
atoms interact strongly and form cluster that leads to a higher lattice resistance to 
dislocation glide.  
During the deformation of low SFE alloys, the passage of the leading partial of a 
dislocation results in a disordering of the C-Mn clusters. The planar glide will results 
in a higher strain hardening.Alloying silicon decreases the amount of FCC phase. 
During deformation the γ→ε transformation is promoted. It is found that it lowered 
SFE of austenite, resulting in an increase in the number of stacking faults, which are 
nucleation sites for the ε-martensite [28]. The aim of this study is to investigate the 
effect of SFE on the mechanical properties of the investigated steel specimen. 
Therefore, a single austenite phase should be obtained by adjusting SFE and alloying 
elements which must be distributed homogeneously in order to achieve a good 
combination of strength and ductility. 
2.1.1 Materials 
The materials used in this work were four high Mn-TWIP steels. The ingots of these 
high Mn steels were melted in laboratory using an induction furnace. Than, they 
were forged at 1150˚C with a thickness reduction of 60%. Afterwards the forging, 
they were annealed for five hours at 1150˚C at open air to remove the segregation of 
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the alloying elements, especially due to the high manganese content. Hot rolling was 
conducted at 1150°C with a specific thickness reduction of 95% with a roll diameter 
of 300 mm. After each rolling pass the slabs have been reheated to 1150°C for only 
few minutes in an oven under free air. The blocks have a square cross section of 
140*140 mm and weight approximately 70 kg. Their chemical compositions were 
given below in Table 2.1. All steels had Mn (manganese) contents in the range 18-24 
wt.%. Alloy IV contained the lowest Mn content, when the alloy VII contained the 
highest Mn and C (carbon) contents. The lowest C content belonged to Alloy I, when 
the alloy VII had the highest C content. 
Table 2.1 : Chemical compositions of the investigated high Mn-TWIP steels (wt.%). 
Alloy Exp. SFE 
(mJ/m2) 
C Si Mn P S Cr Mo Ni 
I V20 15 0,315 0,066 22,79 0,0073 0,0012 0,0016 0,014 0,037 
II V15 27 0,573 0,174 23,21 0,009 0,0002 0,31 0,019 0,0381 
IV V22 20 0,594 0,103 18,4 0,0084 0,0005 0,016 0,02 0,037 
VII V23 30<-<40 0,714 0,059 23,5 0,0071 0,0071 0,016 0,01 0,039 
 
Figure 2.1 showed the values of SFE in accordance with Mn and C contents in 296 
K. The investigated alloys had  SFE in the range 10-40 mJ/m
2
. Alloy VII had the 
highest SFE value when the alloy I had the lowest SFE value. 
 
 
Figure 2.1 : Composition dependent SFE maps of the investigated alloys. 
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2.2  Cold Rolling 
The hot rolled high-manganese sheets had a thickness of ca 2.5 mm. Hot rolling was 
followed by the cold rolling that was conducted at Sack-Walzwerk rolling mill 
equipped with a roll diameter of 130 mm, Figure 2.2. The torsional moment of 1500, 
3000 Nm pro spindle. The power required for the rolling motor is 110 kW. The 
thickness reduction of the steels were given below, in Table 2.2. 
 
 
 
 
 
 
 
 
Figure 2.2 : SACK rolling machine for cold rolling of the investigated blocks. 
 
Table 2.2 : Reduction % of the investigated steels after cold rolling. 
Alloy Experiment Starting 
thickness(mm) 
Final thickness (mm) Reduction(%) 
I V20 2,7 1,5 51 
II V15 2,2 1,2 45 
IV V19 3 1,4 50 
VII V23 2,6 1,4 50 
The fully hard sheets were cut 0°, 45°, 90° to rolling direction in a water jet cutter to 
prepare samples for tensile tests and metallographic investigations. Specimen were 
exposed to heat treatment in salt baths after cutting. 
2.3 Annealing 
Tensile test and metallographic specimen were exposed to an annealing treatment 
before mechanical testing. It was conducted in Salt Bath 2 (Salz GS 430) that was 
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heated electrically between the working range 600-800˚C. The properties of the Salt 
Bath were given below, in Table 2.3. The specimen were recrystallized for 30 
minutes in 800˚C and than cooled in water.  
Table 2.3 : Properties of Salt Bath 2 (Salz GS 430). 
 
 
 
 
 
2.4 Microstructural Characterization 
2.4.1 Microstructural investigation by optical light microscopy 
The annealed metallographic samples in transverse direction (90°C to RD) were 
exposed to a metallographic investigation that divided in two groups: investigation 
prior deformation, investigation after deformation. The samples were ground for 
removing surface defects and than mechanically polished with diamond pastes of 6 
μm and 1 μm, respectively. Afterwards the polishing, they were electropolished. In 
order to reveal the phases and grain structure, whole the polished samples were 
etched in Klemm solution (100 ml. cold-saturated sodium thiosulphate (in distilled 
water) with an addition of 10 g. potassium metabisulphite). The microstructure 
investigation was performed by using a light optical microscope. However, as can be 
seen in experimental results session, the formed microstructural features were hard to 
define. Therefore, an EBSD analyse was required for more accurate investigation.  
2.4.2 Microstructural investigation by transmission electron microscopy  
(TEM) 
The microstructural components investigated by optical electron microscopy were 
hard to determine, even with color etching. Therefore the samples were also 
investigated by JEOL-2000FX2 transmission electron microscopy. The diffraction 
patterns were taken from the related zones.  
The annealed and 10% deformed samples were analysed. All the samples were cut 
with conventional methods, than ground till obtaining a thin foil and polished. These 
Salt Bath 
Form Solid, crystalline 
Color White / light gray 
Melting point 430°C 
Boiling Temperature 1000°C 
Density 2,2 g/cm
3 at 600°C 
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thin foils were thinned in a solution (contained perchloric acid (5%) and acetic acid 
(95%)) until obtaining a hole. Than they were etched and were finally obtained using 
TENUPOL-5 electrolytic polisher.  
2.4.3 Microstructural investigation by electron backscatter diffraction (EBSD) 
 
An important feature in materials analysis is the study of crystallographic structures 
of the constituting grains crystallites within a solid which directly relate to its 
physical properties. Many materials, especially after processing, acquire a preferred 
orientation i.e. a non-random orientation of the single crystal lattices which is called 
a texture and which is related to the materials properties. By electron diffraction 
techniques in the scanning electron microscope (SEM) it is possible to observe both 
the microstructure and texture within large specimen. This technique are thus also 
able to reveal the local texture, i.e. the distribution of single crystallite orientations 
with respect to the microstructure as well as their orientation relationships and 
misorientations at microstructural interfaces (phase-, grain-, subgrain-, twin 
boundaries, fractures etc.). The most common and modern method to measure single 
crystallite orientations in a microstructural framework is the ElectronBack Scatter 
Diffraction (EBSD) [42]. 
EBSD is a scanning electron microscope based technique. SEM system consists of a 
tilted sample and a phosphor screen. Here, the electron beams are directed onto a 
tilted crystaline sample. According to the Bragg Equation (n.λ=2.d.sinθ), the 
electrons interact with the atoms in the crystal lattice. Some of the electrons emerge 
from the sample. When a fluorescent phosphor screen is placed close to the sample a 
diffraction pattern is formed on the screen  because the intensity of the emerging  
electrons varies slightly with direction. EBSD patterns were first observed by 
Kikuchi in a TEM. For EBSD analysis in SEM, a fluorescent phosphor screen and a 
highly sensitive CCD camera are required. For the system to run, the EBSD detector 
system is mounted on one of the side ports of the specimen chamber and a  
fluorescent screen is brought close to the sample. EBSD patterns are only produced 
when an electron beam strikes a specimen surface. In order to take clearer EBSD 
patterns the specimen surface must be free of deformations [42]. 
In this study, EBSD analysis was conducted at A JEOL JSM-7000F scanning 
electron microscope (SEM) with electron backscatter diffraction (EBSD) in GFE, 
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RWTH Aachen. The changes in texture of the specimen were analysed both before 
and after deformation (0,1% strained). The samples were cut with conventional 
methods, embedded and ground. After polishing, they were lastly electropolished 
with electrolyte A2 from Struers. 
2.4.4 Microstructural investigation by confocal microscopy 
The investigated steels showed different kinds of deformation mechanisms which 
effected the grain shape, surface topography during deformation. Confocal 
microscopy is evaluated to determine the activated deformation mechanism. It gives 
the opportunity to observe the elastic distortions, movement of single atoms, slip 
steps, glide traces caused by dislocation bands, orange peel phenomena, individual 
surface deformations [23]. The microscope has two CNC-axes that moves 
horizontally and vertically and also retractable by using third axis. 4 different lenses  
(10 times, 20 times, 50 times and 100 times magnification) can be used. The 
specimen is placed parallel to the focal plane [23].  
In this study, the measurement were conducted by using Nanofocus μsurf explorer 
confocal microscopy with 100X lenses. The four alloy specimens (RD) were 
measured both in undeformed state and deformed state after mechanical polishing 
and electro-polishing. The surface of the investigated specimen were ground with 
400, 500 and 800 abrasives and than polished with 6 micron, 1 micron diamond 
slurry. For electro polishing, they were polished with an alcoholic solution of 
perchloric acid to minimize the influence of mechanical preparation on the surface. 
After electro polishing the surfaces were slightly etched. After conducted tensile 
testings, the samples showed a strain of 10%. 
2.5 Tensile Testing 
Tensile tests of the investigated alloys were performed by ZWICK / Z100 tensile 
testing machine with a maximum force of 100 kN, videoextensometer and infrared 
camera to observe the temperature distribution during testing, Figure 2.3.  The 
camera can measure a temperature range between -40 and 600 °C. 
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Figure 2.3 : Zwick/ Z100 tensile testing machine and a high-speed infrared camera. 
The calculation and analysis of strain hardening behaviour were performed with the 
help of the computer program “Origin 8”. The data of true stress-true strain from 
tensile tests were imported to the program in order to calculate and plot strain 
hardening behaviour, e.g. true stress-true strain curves, strain hardening-true strain 
curves. The dimensions of the investigated tensile specimens were given below, 
Figure 2.4. Le (Experimental length) was 30 mm, Lo (gauge length) was 20 mm, Lt 
(total length) was 109 mm, d0 (diameter) of the specimen was 6 mm and B (the 
width) was 20 mm. The tensile specimens were tested with a 3 different strain rates 
(έ) of 3x10-3 s-1, 3x10-2 s-1 and 1x10-1 s-1 at room temperature. 
 
Figure 2.4 : Dimensions of the investigated tensile specimen. 
 
Tensile testing with a strain rate of 3x10
-3
 s
-1
 was performed in 3 different rollling 
directions; longitude direction, transverse direction and diagonal direction. For each 
alloy 3 different direction and for each direction 3 specimen were deformed. 
According to the results, it was concluded that transverse direction (90° to rolling 
direction) showed the best mechanical properties. Therefore, other two tensile tests 
were conducted for just transverse directions, at room temperature. 
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3.  EXPERIMENTAL RESULTS & DISCUSSION 
3.1 Microstructural Characterization 
3.1.1  Microstructural investigation by light optical microscopy 
The microstructural investigation of the high manganese steels was conducted after 
colour etching specimens with the Klemm solution. Figure 3.1 showed the 
micrographs of the specimens after cold rolling and recrystallisation processes. 
 
 
   Figure 3.1 : Recrystallized structures of a) Alloy I b) Alloy II c) Alloy IV                 
d) AlloyVII before tensile testing in 500X magnification 
All the four alloys recrystallized totally at 800˚C in 30 minutes. The grain sizes of 
the investigated alloys were measured in a program manually and the obtained 
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results were given below, in Figure 3.2. As can be seen, Alloy IV and alloy VII had 
larger grains in their microstructures.  
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Figure 3.2 : The grain sizes of investigated alloys. 
 
The investigation was carried out in higher magnification (1000x) and different kinds 
of twin formations were observed. They were believed to be recrystallization twins. 
Figure A.1 and Figure A.2 in App. showed the microstructures of the investigated 
alloys prior tensile testing.  
All the microstructures had an austenitic matrix. When the alloy I contained both 
mechanical twins coming from sample preaparation and recrystallization twins, other 
alloys had only recrystallization twins. There could be seen different types of 
recystallization twins, i.e. one-sided twin, central twin, incomplete parallel-side twin 
and complete parallel-sided twin in Figure 3.3 and in Figure 3.4. These twins were 
also observed by EBSD analysis and TEM. 
 Figure 3.3 showed the microstructures of the annealed alloys after the tensile testing 
(έ = 3x10-3 s-1). The structures were not revealed successfully by color etching. 
Therefore it was hard to determine the microstructural components. 
The micrographs of the tensiled specimen in 1000X magnification were given, in 
Figure A.3 and Figure A.4, in App. By the colour etching, austenite appears as 
yellow to brown and light blue to dark blue. Therefore austenitic matrix could be 
observed in all investigated alloys, clearly. Martensitic structures were also shown 
below. Areas of twinning were marked in black.  
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  Figure 3.3 :  Microstructures of a) Alloy I b) Alloy II c) Alloy IV d) Alloy VII after 
tensile testing (έ = 3x10-3 s-1) in 500X magnification. 
The microstructures of the annealed alloys after the tensile testing (έ = 3x10-2 s-1) at 
room temperature were given below, in Figure 3.4. The effect of the color etching, 
resulted in better contrast between the matrix and the microstructural structures could 
be observed more clearly.  
By this higher strain rates, the martensitic structures and twins could be seen in alloy 
I. Although alloy IV was also expected to show TRIP/TWIP effect, only intensive 
twin formation could be observed in the matrix. Also no martensitic transformation 
could be observed in investigation made by TEM.  
There were twins in the austenitic matrix of alloy II and alloy VII. The 
microstructures of the annealed alloys after the tensile testing (έ = 1x10-2 s-1) at room 
temperature were given below, in Figure 3.5. The applied highest strain rate 
deformed the structures, intensively.  Blue components in the matrix of alloy I 
seemed to increase in number, due to high deformation. High amount of twins could 
be observed in alloy II and VII. Some of the grains of alloy VII didn`t possess any 
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twin formation and this together with thermal activation was believed to be the 
reason of the decrease in tensile strength. 
 
 
 Figure 3.4 : Microstructures of a) Alloy I b) Alloy II c) Alloy IV d) Alloy VI 
after tensile testing (έ = 3x10-2 s-1) in 500X magnification 
According to the findings above, alloy I was believed to show both TRIP and TWIP 
effects. However, considering its very low SFE and martensite within the matrix, 
TRIP-effect was expected to be the dominant mechanism. Austenitic structure 
provided high elongation, but the presence of martensite made it brittle, resulted in a 
low A20 in relation to Alloy II, IV and VII. Though the low contrasts in alloy II and 
alloy VII, twinning could be observed clearly. Alloy IV with the highest Rm and low 
A20 indicated again the presence of both TRIP- and TWIP-effect. On the other hand, 
no ε-martensite trasformation could be observed in EBSD analysis and therefore, it 
was believed that TWIP-effect was more dominant than the TRIP effect. Twinning 
increased the hardening while martensitic formation decreased the elongation. The 
excellent capacity of local hardening of TWIP steel is closely related with the 
uniform microstructure from single phase, compared with TRIP steel. Alloy VII had 
the highest SFE providing TWIP effect and twins could be seen within austenitic 
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matrix, clearly in Figure A.5 b) and A.6 b), in App. Also the highest Mn content was 
believed to change the deformation mode from TRIP to TWIP. 
 
 
Figure 3.5 : Microstructures of a) Alloy I b) Alloy II c) Alloy IV d) Alloy VII     
after  tensile testing (έ = 1x10-1 s-1) in 500X magnification. 
3.1.2 Microstructural investigation by SEM with EBSD 
EBSD is an important technique for texture analysis. In this study, the phase 
formation prior and after tensile testing (strain 10%) were investigated by EBSD. 
Figure A.9 a) and b) in App. showed the inverse pole figure (IPF) map of the alloy I 
with the normal direction (ND). The color coding of the triangle in a) was for γ maps 
and in b) for ε-martensite. There could be seen different orientations of crystal 
lattices in austenitic grains. The annealing twins in a) could be seen clearly. After 
deformation, the ε-martensite and twins formed, b). 
ε- martensite could be easily determined in image quality maps in Figure A.10, in 
App. On the left, the boundaries of twins were marked as yellow lines with a 
misorientation of 60° about <111> axis with a tolerance angle of 5° and (111) planes. 
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On right, beside twins the ε-martensite could be seen. They were marked as red lines. 
The other pixels were colored according to different grain levels.  
An inverse pole figure maps of alloy II with normal direction is given in Figure 
A.12, in App. As can be seen, matrix was a single phase austenite and there were 
different orientations of crystal lattices. Even after deformation, annealing twins 
could be observed in b). The image quality maps of alloy II were given in Figure 
A.13, in App. The changes in texture prior and after deformation could be observed, 
clearly. The boundaries of twins were marked as yellow with <111> axis and (111) 
planes. It possessed also parallel structures that were undefined. In b) no ε-martensite 
could be observed due to TWIP-effect.  
In Figure A.14, an inverse pole figure maps of alloy IV with normal direction were 
given. As can be seen in a) most of the grains had an orientation of (2-1-10), shown 
as green. After tensile testing, besides annealing twins, mechanical twins formed,b). 
Although both samples were annealed at 800°C for 30 min, they had different grain 
sizes due to their different specimen shapes. In a) the boundaries of twins were again 
marked as yellow with <111> axis and (111) planes. Although it had both 
TRIP/TWIP effect, no ε-martensite formation could be observed after deformation 
because TWIP-effect had still been the dominant mechanism.  The inverse pole 
figure maps of alloy VII were given in,Figure A.15, in App. The image quality maps 
could be seen in Figure A.16, in App. Although it was a TWIP steel with the highest 
SFE, no intense twin formation occured due to the low loadings.The obtained results 
proved the way how SFE had changed the deformation mechanism. As mentioned 
above, although alloy I had both TRIP and TWIP effect, with the lowest SFE TRIP 
effect was more dominant than the TWIP effect. The related inverse pole figure 
proved this behavior with the formation of parallel plates of ε-martensite, in Figure 
3.6. Most of these plates had (0001) and (10-10) orientations. However, these plates 
could not be observed in alloy II and alloy VII due to their TWIP effect. Although 
alloy IV had both TRIP/TWIP effect, no ε-martensitic transformation could be 
observed because twin formation mechanisms were supported with higher SFE 
value.  
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Figure 3.6 :  Inverse pole figure map of ε –martensite of alloy I after 10%strain at  
RT. 
Below in Table 3.1 the EBSD pictures and the related SFE values of the investigated 
alloys were summed up. The dominant TRIP mechanism in alloy I provided 
martensitic transformation (red) in the matrix and the twins were the results of slight 
TWIP-effect. On the other hand, it had also undefined parallel structures in the 
austenitic matrix. 
Table 3.1: Comparison of the EBSD results according to SFE value 
Alloy I II IV VII 
SFE 
(mJ/m
2
) 
15 27 20 30<-<40 
Deformation 
mechanism 
TRIP/TWIP TWIP TRIP/TWIP TWIP 
EBSD 
results after 
tensile 
testing at 
room 
temperature 
(10%strain) 
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Twinning in Alloy II and alloy VII were shown as yellow. Intensive twin formation 
in the austenitic matrix of alloy II were remarkable. The low twin content of alloy 
VII was believed to be the result of low loadings; it should be applied higher loads to  
activate the deformation mechanism in alloy VII. Alloy IV had also twin formation. 
TRIP mechanism affected the alloy slightly due to its higher SFE therefore, hardly 
any martensitic transformation could be observed. 
3.1.3. Microstructural investigation by TEM 
TEM pictures of the investigated alloys were given in Appendices. They were 
gathered from the transverse section of the 10% strained alloys. In App, in Figure 
A.17, the grain boundaries could be seen, clearly. Different contrasts of the grains 
were believed to be result of different grain orientations. There could be seen 
annealing twins prior to deformation. After deformation dislocation pile-ups and 
twinning were generated in the matrix. Grains possessed twin systems with different 
orientations. 
TEM analyse of alloy II was given, in Figure A.18, in App. Prior to deformation, 
annealing twins could be observed, clearly. Grains showed primary twins in addition 
to high amount of dislocations after deformation. TEM analysis of alloy IV was 
given, in Figure A.19, in App. Besides deformation twins and dislocation pile-ups, it 
was also expected to find ε-martensite in the austenitic matrix due to TRIP-effect. 
However, no martensitic transformation could be proved for a strain of 0,1. 
The related TEM pictures of alloy VII were given, in Figure A.20, in App. Grain 
boundaries could be easily determined. Twin bundle and intensive dislocation 
formation could be seen after deformation. Although it had the highest SFE, no 
stacking fault could be found. 
Diffraction patterns of the alloys were also investigated in TEM. The analysed zones 
were coded with numbers. The related pictures were given in Appendices Figure 
A.21-A.24. The given diffraction patterns prior to deformation showed the annealing 
twins. After deformation the formation of the deformation twins could be seen. 
Alloy IV had both TRIP and TWIP effects. Therefore the presence of ε-martensite 
was investigated but couldn`t be found. There could be found twins und local 
dislocation pile up. By alloy VII isolated twin bundle could be seen. There were 
49 
 
dislocation pile-ups. The orientation of the investigated 1, 2 and 3 zones were almost 
similar.  
3.1.4 Microstructure by confocal microscopy 
The changes in surface topographies and grain shapes were investigated by confocal 
microscopy. The pictures of the surfaces prior and after deformation were given, in 
Figure A.25 and Figure A.26, in App. It was believed that high amount of cold 
rolling, the effect of mechanical polishing and the small grain sizes decreased the 
clearness of visibility. The changes in topographies of alloy IV and VII could be 
observed clearly due to theri large grain sizes. 
Each confocal height map was evaluated concerning maximum height difference.The 
deformed surfaces showed that besides elongation of the grains also microscopic 
surface changes existed. The distribution of higher and lower grains due to different 
etching behavior causes a good visibility of the austenitic microstructure. By alloy II 
and alloy VII, the height difference between the highest and lowest grain increased 
from 0,4 µm to 1 µm and from 0,3 to 0,7 µm, respectively. Dark blue structures were 
believed to be recrsytallization twins and the related decrease in matrix-height could 
be observed clearly, in Figure A.25 b), in App. By alloy I, the height difference 
before and after deformation remained low. Some of the grains seen in blue seemed 
to have sunked below the surface during the tensile testing while the surrounding 
grains seem to have risen. By TWIP effect, almost most of the grains rose above the 
surface after deformation, Figure A.26 b). By alloy IV, the grains seemed to have 
risen heterogeneously after deformation, in Figure A.26 a). However, by alloy VII 
homogenity in height difference was clear. 
3.2 Tensile testing of the alloys at different strain rates 
Mechanical properties at room temperature of the investigated steels after solution 
treatment at 800°C for 30 min are given below, in Table 3.2. At a strain rate of       
3x10
-3
 s
-1
, yield strength (Rp0,2) of the all investigated steels were in the range of 270-
340 MPa; alloy I had the lowest value when alloy VII had the highest value.  On the 
other hand, most of them had the tensile strength (Rm) of more than 825 MPa; alloy 
IV had the highest tensile strength but a low elongation. However, Alloy VII had 
both high tensile strength and high elongation. When the applied strain rate (έ=3x10-2 
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s
-1
) increased, yield strengths of all the alloys increased, in the range of 307-343 
MPa; alloy I had the lowest value when alloy IV had the highest strength. On the 
other hand, increasing deformation rate decreased the tensile strength which was 
believed to bethe cause of thermal activation. Although alloy VII had again the 
highest elongation value, the highest Rm belonged to alloy IV. By the highest strain 
rate (έ=1x10-1s-1), the highest yield strengths and the lowest tensile strengths could 
be observed. Alloy VII had again the highest elongation value when alloy I 
possessed the lowest elongation, in Table 3.2. n-Value is the strain hardening 
exponent of the steels for the flow curve between 10% elongation and elongation 
without necking. The larger the n value, the more the material can elongate before  
necking. It was shown below, in  (3.1) [4]. 
                                                 σW = kH. εw
n
(III)                   (3.1) 
 
σ : true stress 
k  : strain coefficient  
ε  : true strain 
n  : strain hardening exponent 
Strain hardening exponent (n) of the steels were in the range of 0,37-0,51, Table 3.2.  
It can be said that alloy VII had the highest tensile strength with a highest n-Value of 
0,51 in the all directions. The low values of n in alloy I and alloy IV  were believed 
to be the result of the band formation, indicating low elongation.  
 Also Cai et al. [8] suggested that the n-Value of TWIP steels changed between 0,39 
and 0,83 indicating that they exhibited larger strain hardening capability in 
comparison to TRIP steels and also to low alloyed steels that had lower hardening 
coefficient, such as 0,27 [46]. These n-values which were mostly important for the 
stretch-forming ability, were directly proportional to the tensile strength, they 
increase continuously with increasing strain. This phenomena could be observed in 
Table 3.2; by higher strain rates, decreases in Rm–values also decreased the n-Values.  
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Table 3.2 : The mechanical properties of the investigated alloys after testing. 
 
3.2.1 Effect of SFE on the mechanical properties during tensile testing 
The value of SFE that mostly depends on chemical composition, determines the type 
of deformation mechanism and the related mechanical properties. The obtained 
values of SFE and mechanical properties of the investigated steels were summarized 
in Table 3.3. As could be seen, the value of SFE was in the range 10-40 mJ/m
2 
that 
gave the possibility of different deformation mechanisms. 
Table 3.3 : Relationship between SFE and mechanical properties at έ=3x10-3 s-1. 
Alloys *Rm 
(MPa) 
*A20 
(%) 
SFE 
(mJ/m2) 
      Alloying elements   
               Mn                            C 
Expected deformation mechanism 
I 825 40 15 22,79 0,315 
 
(TWIP-effect) (TRIP-effect) 
 
II 932 69,8 27 23,21 0,573 
(TWIP-effect) 
 
IV 975 57,7 20 18,4 0,594  (TWIP effect) (TRIP effect) 
VII 935 79,7 30<-<40 23,5 0,714 (TWIP effect) 
 
* The values for 90°C to RD at room temperature 
In terms of SFE, alloy I had both TRIP/TWIP effect but the actived deformation 
mechanism was believed to be martensitic induced plasticity with a SFE value of 10-
Test Par. Steel 
Width    
(mm) 
Thickness 
(mm) 
Rp0,2 
(MPa) 
Rm 
(MPa) 
Ag 
(%) 
A20 
(%) 
n-Value 
έ =
 0
,0
0
3
 s
-1 
Alloy_I_90° to RD 5.92 1.58 284 825 39.2 40.0 0.46 
Alloy_I _RD 5.97 1.55 273 616 17.8 17.8 0.37 
Alloy_I _45°to RD 5.95 1.61 275 729 30.8 30.9 0.43 
Alloy_II_90° to RD 5.90 1.25 312 932 64.9 69.8 0.50 
Alloy_II _RD 5.74 1.24 305 911 60.4 61.2 0.50 
Alloy_II _45°to RD 5.84 1.20 294 908 56.5 59.6 0.51 
Alloy_IV_90° to RD 5.93 1.43 335 975 53.1 57.7 0.50 
Alloy_IV _RD 5.92 1.42 315 850 41.4 42.0 0.45 
Alloy_IV _45°to RD 5.95 1.42 322 907 49.6 51.0 0.48 
Alloy_VII_90° to RD 5.98 1.43 315 935 76.1 79.7 0.51 
Alloy_VII _RD 5.85 1.41 299 890 71.6 71.7 0.51 
Alloy_VII _45°to RD 5.98 1.48 307 922 73.9 77.5 0.51 
ɛ =
 0
,0
3
s
-1 
Alloy_I_90° to RD 5.90 1.56 307 833 43.3 46.8 0.45 
Alloy_II_90° to RD 5.86 1.24 323 911 59.2 65.1 0.48 
Alloy_IV_90° to RD 5.94 1.43 343 946 60.1 62 0.46 
Alloy_VII_90° to RD 6.22 1.44 325 881 62.5 66 0.48 
έ =
 0
,1
s
-1 
Alloy_I_90° to RD 5.96 1.58 310 817 44.4 48 0.44 
Alloy_II_90° to RD 5.86 1.23 322 849 53 55.3 0.42 
Alloy_IV_90° to RD 5.93 1.50 342 916 58.3 62.1 0.46 
Alloy_VII_90° to RD 5.99 1.51 331 866 60.9 60.9 0.46 
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20 mJ/m
2. As pointed out by Grässel et al.[17] low SFE favours the γ→ε phase 
transformation, resulting in TRIP effect. This martensitic structure was believed to 
provide a high tensile strength but a low elongation. Alloy IV had also both 
TWIP/TRIP effect but in comparison with alloy I, here TWIP effect was more 
dominant than the TRIP effect, due to the higher SFE of 20 mJ/m
2
. On the other 
hand, alloys II and VII provided high tensile strength-higher elongation combination 
due to TWIP-effect, Figure 3.7. They possessed many twins in their matrix after 
plastic deformations at room temperature. It was believed that their quasi higher SFE 
values resulted in twin nucleation.  
During plastic deformation, the grains were subdivided by the twinning and the 
created twin boundaries increased the strain hardening. Spindola [44] also suggested 
that, twinning not only reduce the dislocation free path, but also provides a 
refinement of the microstructure and promotes strain hardening at low temperatures 
(<0,4 TM ). based on dynamic Hall-Petch (3.2). Also EBSD investigations showed 
the refinement of microstructure, clearly. Twinning is more grain size dependent than 
the dislocation glide.  
 
                                                      σy = σ0 + ky / √D                                          (3.2) 
 
σy : yield stress 
σ0 : lattice yield stress 
k  :  materialsconstant 
D  : grain size 
As can be seen in Equation (3), the grain size and the applied stress had an inverse 
proportion; the reduction of the grain sizes increased the yield stress required to 
move the dislocations. On the other hand, decreasing the grain size activates the slip 
mechanism by increasing the SFE that was not investigated in this study.  
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Figure 3.7 : Tensile strength-SFE curves of the alloys at έ=3x10-3 s-1. 
3.2.2 Effects of alloying elements on the mechanical properties during tensile 
testing 
The mechanical properties of the investigated Fe-Mn alloys were mostly determined 
by alloying elements. Especially, additions of Mn and C elements affected the 
properties. The amounts of the elements and related mechanical properties were 
given in Table 3.4. It was proposed that these alloying elements affected the 
mechanical properties in two ways; by changing SFE and by formation of clusters.  
Alloy I possessed the lowest mechanical properties; it had the lowest C content 
which was thought to be the cause of lower tensile strength due to low interstitial-
dislocation interaction. The low elongation was supposed to be the result of TRIP 
effect because martensitic formation caused embrittlement and steel broke without 
necking. Alloy II had higher C and Mn contents therefore the mechanical properties 
improved. Alloy IV had the lowest Mn content which was thought to promote the 
martensitic transformation. Alloy VII had the highest C and Mn content. Therefore 
SFE increased in the range of 30<x<40 mJ/m
2 
that was ideal for the activation of the 
twinning mechanism 
3.2.3 Effect of strain rates on the mechanical properties during tensile testing 
As mentioned before, tensile tests were carried out at room temperature with three 
different strain rates: 3x10
-3
s
-1
, 3x10
-2
 s
-1
 and 10
-1
s
-1
. The changes in tensile strengths 
of the investigated alloys under different strain rates were given below in Figure 3.8. 
Alloy I had the lowest tensile strength due to its dominating TRIP effect. Between 
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the strain rates of 3x10
-3
 s
-1
 and 3x10
-2
 s
-1
 its tensile strength increased but by 10
-1
 s
-1
 
it decreased again. Therefore it was believed that TRIP effect is active at lower 
strains because at lower strain rates the transformation from austenite to martensite 
can occur but at higher strain rates this transformation was believed to be mostly 
suppressed. Alloy IV that possessed both TRIP and TWIP-effect had also the same 
mechanism. Its tensile strength were higher because of the combination of both slight 
martensitic transformation and twinning formation. Alloy II and VII were believed to 
exhibit no phase transformation.Their tensile strengths were higher than alloy I 
which was thought to be the result of extensive twinning formation in the austenitic 
matrix during deformation. However, both their tensile strengths and elongations 
decreased with increasing strain rate, indicating strain-rate softening. It was also 
believed that high manganese and carbon contents provided stable austenitic 
structure which caused lower yield and tensile strength at higher strain rates.  
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Figure 3.8 : Tensile strength Rm-strain rate relationship of the investigated alloys. 
Figure 3.9 showed the stress-strain behaviour of Fe-20Mn-3Si-3Al under different 
strain rates [17]. The behaviours of its mechanical properties under different strain 
rates were quite similar to the behaviours of the investigated alloys; yield stress 
increases with increasing strain rate. The elongations were decreasing with 
increasing strain rate up to about 10
-1
 s
-1
, that could be observed in alloy II, VII. They 
had no phase transformations. 
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Figure 3.9 : Stress-strain behaviour of Fe-20Mn-3Si-3Al at different έ [17]. 
 
Figure 3.10 showed the yield strength-strain rate relationship of the investigated 
alloys. At lower strain rates, yield strength values remained low. However, 
increasing strain rates increased the yield strength. Alloy I had the lowest yield stress 
even at high strain. At a strain rate of 3x10
-3
 s
-1 
and 3x10
-2
 s
-1
, alloy IV possessed the 
highest yield strength. However, at 10
-1
 s
-1 
alloy II had the highest value. The 
negative slope on its curve indicated negative strain rate sensitivity; strain level 
increased due to high deformation amount. The curve of alloy VII seemed to be 
increase proportionally with the increasing strain rate. 
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Figure 3.10 : Yield strength-strain rate curves of  alloys with labelled Ag% values. 
3.2.4 Strain hardening behaviours of the alloys during tensile testing 
The high work hardening rate is strongly related to the occurrence of the martensitic 
transformation or to the formation of mechanical twinning. Strain hardening-true 
strain curves of the each investigated alloy were given in Figure A.27 and Figure 
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A.28 in App., with the related strain rates. In alloy I, there were significant changes 
in strain hardening versus true strain. Increasing strain rate increased the slope of the 
curves. As explained in Section 2.6, stage A was responsible for martensitic 
transformation and it took place up to very low strains which could be observed 
clearly in Figure 38 a), due to its low SFE and TRIP characteristic. Especially by 
higher strain rates, the strain hardening rate got constant in stage B and than 
decreased again.  
By alloy II there was a decrease on the slope of the curves. By έ= 3x10-2 s-1, strain 
hardening rate increased until strain value 0.15, decreased until strain 0.35 and than 
increased again. Alloy VII and alloy IV also showed similar behavior. Especially 
increasing deformation rate increased the slope of their curves, Figure 3.10. As 
mentioned in Section 2.6, stage B that was responsible for twinning could be slightly 
observed below between strain values 0.15-0.30, especially by low strain rates. Also 
the slope of stage A was very low, in comparison to alloy I Kriangyut [28] suggested 
that prior to twinning, some dislocation interactions were required to create initiation 
sites for twins at low strains. Strain hardening- true strain curves of the investigated 
alloys were given below, in Figure 3.11.  As could be seen in Figure 3.39, the strain 
hardening rate of alloy II, alloy IV and alloy VII were slightly decreased at true 
strains between 0-0.06. However, alloy I showed a rapid decrease in strain hardening 
rate at true strain between 0- 0,35. By higher deformation rates, the strain hardening 
rate of alloy I were firstly rapidly decreased at true strain between 0-0,05 than 
slightly decreased until true strain of 0,25 and rapidly decreased again. 
As known, strain hardening rate depends strongly on martensitic transformation or 
twin formations. By alloy I, the increase in strain hardening rate was believed to be 
the result of martensitic transformation. Since martensite was a very hard phase, it 
hardened the alloy. For TWIP steels, at lower strains the formation of primary twins 
increased the strain hardening rate. As could be seen above, some grains with two 
activated twins system were observed in alloy II during TEM investigations. There 
could also be seen a twin bundle in alloy VII. The curves of TWIP steels showed that 
the effect of twinning on hardening wasn`t effective as martensitic transformation. 
Especially by lower strains at lower strain rates, their curves were roughly linear. At 
higher strains, the hardening rate increased which were believed to be the result of 
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twin formation that reduced the dislocation mobility. Higher deformation rates 
increased the strain hardening rate. 
 
Figure 3.11 : Strain hardening-true strain curves of the investigated steels at room   
temperature in three different directions (45° to RD, RD, 90°C to 
RD) with έ=3x10-3 s-1. 
Barbier et al. [2] suggested that the twins formed at the beginning of deformation 
were acting as obstacles for twinnings and reduced the grain size. This decrease in 
grain size required higher stess to form new twins. At higher strains, second twinning 
system formed which were observed in TEM analysis. And these second twinning 
system reduced even more the dislocation mobility, resulting in high strain hardening 
rate.   
3.2.5 Serrated flows during tensile testing 
True stress-true strain curves with the related n-values from the tensile tests at room 
temperature were shown, in Figure A.31-A.36, in App. By έ = 3x10-3 s-1, each alloy 
was investigated in three different directions; 45°C to rolling direction (RD), rolling 
direction and 90° to rolling direction. The desired highest tensile strengths were 
obtained in the direction perpendicular to rolling (90° to RD). Alloy VII possessed 
the highest elongation and highest tensile strength, Table 5. By strain rates of             
έ = 3x10-2 s-1 and έ = 1x10-1 s-1 only transverse direction (90° to RD) was 
investigated, Figure A.29 and Figure A.30. By these higher strain rates, alloy IV 
had the highest tensile strength and alloy VII had the highest elongation value.  
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Chateau et al. [11] suggested that steels with a chemical composition of Fe22Mn0.6C 
shows negative strain rate sensitivity (NSRS) at strain rates below 10
-1
 s
-1 
at room 
temperature. This phenomena could be observed clearly in alloy II and alloy VII; 
increasing strain rates destroyed the serrations on the true stress-true strain curves. 
The effect of the carbon atoms on the serrations could also be clearly observed by a 
strain rate of 3x10
-3
 s
-1
; Alloy I with the lowest carbon content show no serrations 
when alloy VII with the highest carbon content had intensive serrated flows, Figure 
3.12. It could also seen that the elongation depends strongly on the direction; it was 
increasing in RD, 45° to RD and 90° to RD, respectively. As mentioned before, with 
increasing strain rates, pinning due to solute atoms was not possible because the 
waiting time of dislocations at obstacles was too short for the diffusion to occur. 
Therefore the amount of serrations decreased with έ = 3x10-2 s-1 and έ = 1x10-1 s-1. 
The stress-strain curves of the investigated alloys showed serrated flows due to the 
presence of interstitial carbon atoms, in. Especially, alloy II, alloy IV and alloy VII 
had serrations because of their high carbon contents The stress-strain curves of the 
alloy I with the lowest C content and alloy VII with the highest C content were 
given, in Figure A.37 and Figure A.38 in App. as an example, to determine the 
effect of C atoms on the serrations.  
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Figure 3.12 : The serrations on the true stress- true strain curves of the investigated 
                       alloys. 
The true strain-true stress curves of the alloy I and alloy VII after tensile testing with 
a strain rate of 3x10
-3
 s
-1
 were given, in Figure A.39. The intensive serrated flows in 
Alloy VII could be observed, clearly in b). These serrations were believed to be 
caused by the interaction of interstitial atoms with dislocations. Quasi higher SFE 
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value of alloy VII provided the formation of twinning within the austenitic matrix. 
The intensive twin formation in the related microstructure could be seen. Alloy I 
showed not much serrations as a result of low C content.    
True stress- instantaneous strain rate curves of the related alloys could also be seen 
below. This curves showed the deformation mechanism. By alloy VII, the area of 
inhomogeneous flow and twin formation were clear. Figure A.38 and A.39 showed 
the serrations after tensile testing with έ = 3x10-2 s1, έ = 1x10-2 s-1, respectively. At 
strain rates below 1x10
-1
 s
-1
, alloy VII showed low serrations on the curves, similar 
to PLC serrations of type A. Considering PLC-effect, moving bands such as type A 
were mostly observed at the lowest applied strain rates, such as 3x10
-3
 s
-1
 [11]. 
Sangwon Lee et al. [29] also suggested that TWIP steels often shows a SRS and 
DSA during deformation because at low strain rates the interaction between 
dislocation and mobile obstacles is easy. By increasing strain rate, the serrations on 
the curves of alloy VII mostly disappeared. As can be seen in true stress- 
instantaneous strain rate curve of alloy VII, the interval of inhomogeneous flow 
decreased. By the highest strain rate, it almost disappears and therefore hardly any 
serrations could be seen.  
3.2.6 Band formation during tensile testing 
The deformation mechanism and the obtained mechanical properties of deformation 
induced plasticity steels are dependent on temperature. Therefore, a measurement of 
temperature variation of tensile specimen during testing was carried out. The 
temperature distribution of the investigated alloys after 10% strain with a strain rate 
of 3x10
-3
 s
-1
, 3x10
-2
 s
-1
 and 1x10
-1
 s
-1 
were given in Figure A.40-A.49 in App., 
respectively. The temperature measurement was performed along the centre of the 
width of specimen and within the gauge length. 
Austenitic steels exhibited dynamic strain aging (DSA) which caused Portevin-Le 
Chatelier band (PLC effect) and serrated flow. In this study, only type A bands that 
propagated across the gage length of a tensile specimen continously were observed.  
As can be seen below, band nucleation occured at the center or near to the center of 
tensile specimen gage sections. By the lowest strain rate, the formation of bands 
could be seen clearly.The red and pink contours referred to the greatest localized 
dislocation activity.  
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Increasing strain rate increased the dislocation activity and the thermal changes on 
the specimen surface started at lower strain. The higher the strain rate, the higher the 
temperature difference between the center and the edge. As can be observed in all 
alloys, ΔT that was increasing with increasing strain rates. By έ=3x10-3 s-1, the flow 
curve of alloy II showed serrations indicating PLC-effect. Temperature difference 
was low and the highest appeared beyond a 0,35 true strain where occurred the 
greatest localized dislocation activity, Figure A.40.  
Alloy IV that had low ΔT showed band formation at 0,44 true strain. It was shown in 
black in Figure A.41. The fow curve of alloy VII showed intensive serrations 
beyond a 0,35 true strain. The related band formation moving downwards could be 
observed clearly, Figure A.42. By έ=3x10-2 s-1,temperature differences of the alloys 
increased. The amplitude of the serrations decreased. Alloy I showed a homogeneous 
temperature rise. The greatest dislocation activity started at a 0,30 strain, Figure 
A.43. Alloy II showed also more homogeneous temperature distribution than it by 
έ=3x10-3 s-1 did, Figure A.44. The dislocation activity in Alloy IV increased beyond 
a 0,30 strain rate. Also band formation and propagation could be observed at 0,37 
and 0,40 strains, Figure A.45. By alloy VII quasi more homogeneous temperature 
distribution could be seen. Band formation started at a 0,37 strain, Figure A.46.  
By έ=1x10-1 s-1, there could be seen the highest temperature differences. Alloy I 
showed homogeneous temperature rise, Figure A.47. There could be seen 
temperature gradients by alloy II. At a 0,40 strain a band propagation were believed 
to occur, however it couldn‟t be recorded clearly with thermo camera, Figure A.48.  
Band formation by alloy IV occurred at a 0,39 strain. At lower strains there were 
homogeneous temperature distribution, Figure A.49. As could be seen in Figure 
3.62, alloy VII showed also homogeneous temperature rise until break. The 
evoluation of temperature changes (T) with strain in every alloy is given below, in 
Figure 3.13, considering the investigated strain rates.  
During tensile testing high amount of absorbed strain energy was converted to heat. 
LIN et al. [31] suggested that by increasing strain rates, time was insufficient for this 
heat exchange and higher temperature increases occured in sample. The highest 
temperature changes in this study could be seen in alloy I (TRIP steel) by higher 
strain rates, Figure 3.63 c). During deformation martensitic transformation increased 
 
 
61 
 
the heat in the sample and this generated T (40°C) increased SFE. Alloy II, IV and 
VII (TWIP steels) had almost temperature differences.  
At lower strain rates no significant thermal gradients were generated in samples. 
These behaviors could be clearly observed in this study. The highest T values were 
generated at έ =10-1 s-1 and the lowest values were generated at  έ =3x10-3 s-1. This 
phenomena explained also the reasons of the decreases in tensile strengths with 
increasing strain rate; highest strain rates were believed to activated the temperature 
dependent dislocation mobility and decreased the tensile strength. 
As a consequence, we can say that, increasing strain rate were believed to decrease 
the band formation due to the increases in dislocation and alloying elements 
mobility. Martensitic transformation occured during deformation increased the 
temperature differences in TRIP alloy and increased the SFE. 
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Figure 3.13: Distribution of thermal changes for each strain rate by a) έ=3x10-3 s-1   
b) έ=3x10-2 s-1  c) έ=1x10-1 s-1 
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4. CONCLUSIONS AND RECOMMENDATIONS 
 
The cold rolled and annealed high manganese austenitic steels were investigated 
prior deformation and after different strain rates. The foundings obtained after 
material characterization were given below: 
 SFE plays an important role on the mechanical properties of the investigated 
high manganese austenitic steels. Lower SFE values activated the TRIP 
mechanism; Lower stacking fault energy of alloy I reduced the mobility of 
dislocation and promotes martensitic transformation during deformation.  On the 
other hand, when SFE was in the range 20-60 mJ/m
2
, mobility of the dislocation 
increased and twinning was favorable, providing high ductility. Thus, the 
plasticity of alloy II and alloy VII were controlled by TWIP mechanism whereas 
alloy IV was controlled by more of an TWIP and slightly TRIP. 
 Alloying elements, especially Mn and C atoms effect SFE. The increment in 
their amount increase the SFE and change the deformation modes. It is known 
that Mn stabilizes the austenitic phase required for the transformation/twinning 
induced plasticity. Increasing Mn content results in a decrease of tensile strength  
but in an increased elongation. Actually, elongation continues to rise until 
approximately 25wt.%Mn at which point the elongation stays nearly constant or 
with slightly decreasing tendency. However, in this study the investigated alloys 
had a Mn content lower than  25wt.%Mn. Alloy I with the lowest C content of 
0.315wt.% have TRIP effect when alloy II, IV alloy VII have TWIP effect with 
contents of 0.5wt.%C-23wt.%Mn, 0.5wt.%C-18.4wt.%Mn and 0.7wt.%C-
23.5wt.%Mn, respectively.  
 The applied tensile testing showed that the alloys behave differently at different 
strain rates. The mechanical properties of Alloy IV (TWIP-effect is more 
dominant) changed with increasing strain rates; the highest strength and quasi 
lower elongation belonged to alloy IV due to the slight martensitic 
transformation and twin formation in austenitic matrix.  
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 Alloy I (TRIP-effect is more dominant) showed a slightly decreasing tensile 
strength and elongation with increasing strain rate, the yield strength on the other 
hand increases slightly. Alloy II and alloy VII (TWIP steels) exhibited a 
decreasing tensile strength and elongation with increasing strain rate. On the 
other hand, at lower strain rate (3x10
-3
 s
-1
), TWIP steels showed higher 
elongations and higher tensile strengths, compared TRIP steel. 
 The investigation made with thermocamera showed that at lower strain rates, 
band formation occurs during tensile testing resulting in inhomogeneous plastic 
flow. The serrations on true stress-true strain curves caused by this band 
formation could be seen clearly. Increasing strain rate were believed to decrease 
the band formation due to the increases in dislocation and alloying elements 
mobility. Martensitic transformation occured during deformation increased the 
temperature differences in TRIP alloy and increased the SFE. 
  Microstructural investigations of the annealed alloys were conducted prior and 
after tensile testing. It is speculative to define the phases by color etching in 
optical light microscopy. However, analysis made by EBSD showed phases 
clearly, especially the ε-martensites in the austenitic matrix  of alloy I after 
tensile testing proved the accuracy of the predicted deformation mechanism; the 
TRIP-effect. Alloy II, IV and VII had TWIP effect however, the desired 
intensive twin formation could not be proved  by EBSD, due to the applied low 
strain. It was believed that the applied loads should be increased to observe the 
activation of the TWIP mechanism. 
These above given conclusions suggested to use TRIP steels in the automotive 
components when only high strength but low elongation is required. However, when 
both high strength and high elongation is required, than TWIP steels are 
recommended to use.  
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APPENDICES 
Figure A.1 :Micrographs of a) Alloy I b) Alloy II after recrystallization, prior to 
deformation in 1000X. 
Figure A.2 :Micrographs of a) Alloy IV b) Alloy VII after recrystallization, 
prior to deformation in 1000X. 
Figure A.3 :Micrographs of a) Alloy I b) Alloy II after tensile testing                 
(έ = 3x10-3 s-1) in 1000X magnification. 
Figure A.4 :Micrographs of a) Alloy IV b) Alloy VII after tensile testing           
(έ = 3x10-3 s-1) in 1000X magnification. 
Figure A.5 :Micrographs of a) Alloy I b) Alloy II after tensile testing                
(έ = 3x10-2 s-1) in 1000X magnification 
Figure A.6 :Micrographs of a) Alloy IV b) Alloy VII after tensile testing          
(έ = 3x10-2 s-1) in 1000X magnification. 
Figure A.7 :Micrographs of a) Alloy I b) Alloy II after tensile testing                                              
(έ=1x10-1s-1) in 1000X magnification 
Figure A.8 :Micrographs of a) Alloy IV b) Alloy VII after tensile testing               
(έ = 1x10-1 s-1) in 1000X magnification 
Figure A.9 :Inverse pole figure (IPF) maps of austenite and twins                           
a) after annealing prior deformation b) after deformation of alloy I 
Figure A.10 :Image quality maps of alloy I after annealing a) prior b) after   
deformation 
Figure A.11 :Inverse pole figure (IPF) maps of austenite and twins of                    
alloy II  after annealing a) prior b) after deformation 
Figure A.12 :Image quality maps of alloy II after annealing a) prior                          
b) after deformation 
Figure A.13 :Inverse pole figure (IPF) maps of austenite and twins a) after   
annealing prior deformation b) after deformation of alloy IV 
Figure A.14 :Image quality maps of annealed alloy IV after a) prior b) after 
deformation 
Figure A.15 :Inverse pole figure (IPF) maps of austenite and twins of            
annealed alloy VII a) prior to deformation b) after deformation 
Figure A.16 :Image quality maps of annealed alloy VII a) prior to b) after  
deformation. 
Figure A.17 :TEM pictures of annealed alloy I a) prior to b) after deformation 
Figure A.18 :TEM pictures of annealed alloy II a) prior to b) after deformation 
Figure A.19 :TEM pictures of annealed alloy IV a) prior to b) after deformation 
Figure A.20 :TEM pictures of annealed alloy VII a) prior to b) after deformation 
Figure A.21 :Diffraction patterns of Alloy I a) prior to b) after deformation 
Figure A.22 :Diffraction patterns of Alloy II a) prior to b) after deformation 
Figure A.23 :Diffraction patterns of Alloy IV a) prior to b) after deformation 
Figure A.24 :Diffraction patterns of Alloy VII a) prior to b) after deformation 
Figure A.25 :Confocal height maps of the undeformed and deformed               
surfaces after 10% strain a)Alloy I b) Alloy II 
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Figure A.26 :Confocal height maps of the undeformed and deformed surfaces 
after 10% strain a)Alloy IV b) Alloy VII 
Figure A.27 :Strain hardening- true strain curves of the a)Alloy I  b) Alloy II 
Figure A.28 :Strain hardening- true strain curves of the a)Alloy I  b) Alloy VII 
Figure A.29 :Strain hardening-true strain curves of the investigated                     
steels at room temperature with έ = 3x10-2 s-1 (90°C to RD ) 
Figure A.30 :Strain hardening-true strain curves of the investigated                        
steels at room temperature with έ = 1x10-1 s-1 (90°C to RD) 
Figure A.31 :True stress-true strain curves of a) Alloy I b) Alloy II at room 
temperature with έ = 3x10-3 s-1  *RD: rolling direction 
Figure A.32 :True stress- true strain curves of a) Alloy IV  b) Alloy VII at room 
temperature with έ=3x10-3 s-1 
Figure A.33 :True stress-true strain curves of a) Alloy I b) Alloy II at room 
temperature with έ = 3x10-2 s-1 
Figure A.34 :True stress- true strain curves of a) Alloy IV  b) Alloy VII at room 
temperature with έ=3x10-2 s-1 
Figure A.35 :True stress-true strain curves of a) Alloy I b) Alloy II at room 
temperature with έ = 1x10-1 s-1 
Figure A.36 :True stress- true strain curves of a) Alloy IV b) Alloy VII at room 
temperature with έ=1x10-1 s-1 
Figure A.37 :The true stress_strain curves of the a) Alloy I b) Alloy VII              
after tensile testing with έ = 3x10-3 s-1 at room temperature 
Figure A.38 :The true stress_strain curves of the a) Alloy I b) Alloy VII                  
after tensile testing with έ = 3x10-2 s-1 at room temperature 
Figure A.39 :The true stress – strain curves of the a) Alloy I b) Alloy VII after 
tensile testing with έ = 1x10-1 s-1 at room temperature 
Figure A.40 :Temperature distribution of alloy II after tensile testing                      
with έ=3x10-3 s-1 
Figure A.41 :Temperature distribution of alloy IV after tensile testing                  
with έ=3x10-3 s-1 
Figure A.42 :Temperature distribution of alloy VII after tensile testing                  
with έ=3x10-3 s-1 
Figure A.43 :Temperature distribution of alloy I after tensile testing                     
with έ=3x10-2 s-1 
Figure A.44 :Temperature distribution of alloy II after tensile testing                           
with έ=3x10-2 s-1 
Figure A.45 :Temperature distribution of alloy IV after tensile testing                            
with έ=3x10-2 s-1 
Figure A.46 :Temperature distribution of alloy VII after tensile testing                  
with έ=3x10-2 s- 1 
Figure A.47 :Temperature distribution of alloy I after tensile testing                      
with έ=1x10-1 s-1 
Figure A.48 :Temperature of alloy II after tensile testing with έ=1x10-1 s-1  
Figure A.49 :Temperature of alloy IV after tensile testing with έ=1x10-1 s-1 
Figure A.50 :Temperature of alloy VII after tensile testing with έ=1x10-1 s-1 
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a) 
 
 
b) 
Figure A.1 : Micrographs of a) Alloy I b) Alloy II after recrystallization, prior to  
deformation in 1000X. 
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a) 
 
 
b) 
Figure A.2 : Micrographs of a) Alloy IV b) Alloy VII after recrystallization, prior   
to deformation in 1000X. 
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a) 
 
 
b) 
Figure A.3 : Micrographs of a) Alloy I b) Alloy II after tensile testing                         
(έ = 3x10-3 s-1) in 1000X magnification. 
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a) 
 
 
b) 
    Figure A.4 : Micrographs of a) Alloy IV b) Alloy VII after tensile testing 
    (έ = 3x10-3 s-1) in 1000X magnification. 
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a) 
 
 
b) 
Figure A.5 : Micrographs of a) Alloy I b) Alloy II after tensile testing                 
   (έ = 3x10-2 s-1) in 1000X magnification 
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a) 
 
 
b) 
Figure A.6 : Micrographs of a) Alloy IV b) Alloy VII after tensile testing                 
(έ = 3x10-2 s-1) in 1000X magnification. 
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a) 
 
 
b) 
Figure A.7 : Micrographs of a) Alloy I b) Alloy II after tensile testing  
                                  (έ = 1x10-1 s-1) in 1000X magnification. 
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a) 
 
 
b) 
   Figure A.8 : Micrographs of a) Alloy IV b) Alloy VII after tensile testing 
         (έ = 1x10-1 s-1) in 1000X magnification. 
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                a)                                                               b) 
 
Figure A.9 : Inverse pole figure (IPF) maps of austenite and twins a) after annealing 
prior deformation b) after deformation of alloy I. 
 
 
  
            a)                             b)  
 
Figure A.10 : Image quality maps of alloy I after annealing a) prior b) after  
                       deformation. 
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                a)                                                                  b) 
 
Figure A.11 : Inverse pole figure (IPF) maps of austenite and twins of alloy II 
after annealing a) prior b) after deformation. 
 
 
 
   
               a)                            b) 
 
Figure A.12 : Image quality maps of alloy II after annealing a) prior b) after  
 deformation. 
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                   a)                                                           b) 
Figure A.13 : Inverse pole figure (IPF) maps of austenite and twins a) after 
annealing prior deformation b) after deformation of alloy IV. 
 
 
 
  
a)                          b) 
Figure A.14 : Image quality maps of annealed alloy IV after a) prior b) after 
deformation. 
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                 a)                                                             b) 
 
Figure A.15 : Inverse pole figure (IPF) maps of austenite and twins of annealed 
alloy VII a) prior to deformation b) after deformation. 
 
 
 
   
a)                            b) 
 
Figure A.16 : Image quality maps of annealed alloy VII a) prior to b) after   
deformation. 
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a) 
 
 
 
b) 
 
Figure A.17 : TEM pictures of annealed alloy I a) prior to b) after deformation. 
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a) 
 
 
 
b) 
 
Figure A.18 : TEM pictures of annealed alloy II a) prior to b) after deformation. 
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a) 
 
 
  
 
b) 
Figure A.19 : TEM pictures of annealed alloy IV a) prior to b) after deformation. 
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a) 
 
 
  
b) 
 
Figure A.20 : TEM pictures of annealed alloy VII a) prior to b) after deformation. 
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a) 
 
b) 
 
Figure A.21 : Diffraction patterns of Alloy I a) prior to b) after deformation. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
1 
2 
1 2 
2 
3 
1 2 
3 
1 
2 1 
1 
90 
 
 
 
 
a) 
 
 
b) 
 
Figure A.22 : Diffraction patterns of Alloy II a) prior to b) after deformation. 
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a) 
 
 
b) 
 
Figure A.23 : Diffraction patterns of Alloy IV a) prior to b) after deformation. 
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a) 
 
 
 
b) 
 
Figure A.24 : Diffraction patterns of Alloy VII a) prior to b) after deformation. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
3 
2
1
1 
1
1
1 
3 
1
1
1 
2
1 
1
1
1 
2
1
1 
3
1
1 
1
1
1 
2
1
1 
3
1
1 
93 
 
 
  
                             undeformed                                                     deformed 
a) 
 
  
undeformed                                                    deformed 
b) 
Figure A.25 : Confocal height maps of the undeformed and deformed surfaces 
after       10% strain a)Alloy I b) Alloy II. 
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                           undeformed                                                     deformed        
a) 
 
 
undeformed                                              deformed 
                                                                b) 
Figure A.26 : Confocal height maps of the undeformed and deformed surfaces after 
10% strain a)Alloy IV b) Alloy VII. 
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b) 
 
Figure A.27 : Strain hardening- true strain curves of the a)Alloy I b) Alloy II. 
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b) 
 
Figure A.28 : Strain hardening- true strain curves of the a)Alloy IV b) Alloy VII. 
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Figure A.29 : Strain hardening-true strain curves of the investigated steels at room 
                          temperature with έ = 3x10-2 s-1 (90°C to RD ). 
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Figure A.30 : Strain hardening-true strain curves of the investigated steels at 
room temperature with έ = 1x10-1 s-1 (90°C to RD). 
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b) 
 
Figure A.31 : True stress-true strain curves of a) Alloy I b) Alloy II at room  
temperature with έ = 3x10-3 s-1.*RD: rolling direction. 
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b) 
 
Figure A.32 : True stress - true strain curves of a) Alloy IV  b) Alloy VII at room 
temperature with έ=3x10-3 s-1.  * RD: rolling direction 
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Figure A.33 : True stress-true strain curves of a) Alloy I b) Alloy II at room  
temperature with έ = 3x10-2 s-1.*RD: rolling direction 
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b) 
Figure A.34 : True stress- true strain curves of a) Alloy IV  b) Alloy VII at room  
temperature with έ=3x10-2 s-1  * RD: rolling direction 
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Figure A.35 : True stress-true strain curves of a) Alloy I b) Alloy II at room  
temperature with έ = 1x10-1 s-1.  *RD: rolling direction 
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Figure A.36 : True stress- true strain curves of a) Alloy IV b) Alloy VII at room    
temperature with έ=1x10-1 s-1. 
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Figure A.37 :  The true stress_strain curves of the a) Alloy I b) Alloy VII after 
tensile testing with έ = 3x10-3 s-1 at room temperature. 
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Figure A.38 : The true stress_strain curves of the a) Alloy I b) Alloy VII after  
tensile testing with έ = 3x10-2 s-1 at room temperature. 
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Figure A.39 : The true stress – strain curves of the a) Alloy I b) Alloy VII after   
tensile testing with έ = 1x10-1 s-1 at room temperature. 
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Figure A.40 : Temperature distribution of alloy II after tensile testing with       
έ=3x10-3 s-1. 
 
 
 
 
Figure A.41 : Temperature distribution of alloy IV after tensile testing with       
έ=3x10-3 s-1. 
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Figure A.42 : Temperature distribution of alloy VII after tensile testing with  
έ=3x10-3 s-1. 
 
 
 
Figure A.43 : Temperature distribution of alloy I after tensile testing with         
έ=3x10-2 s-1. 
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Figure A.44 : Temperature distribution of alloy II after tensile testing with          
                           έ=3x10-2 s-1. 
 
 
 
Figure A.45  : Temperature distribution of alloy IV after tensile testing with   
έ=3x10-2 s-1 
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Figure A.46 :Temperature distribution of alloy VII after tensile testing with  
έ=3x10-2 s- 1. 
 
 
Figure A.47 : Temperature distribution of alloy I after tensile testing with      
έ=1x10-1 s-1. 
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Figure A.48 :Temperature distribution of alloy II after tensile testing with  
έ=1x10-1 s-1. 
 
 
 
Figure A.49 : Temperature distribution of alloy IV after tensile testing with  
έ=1x10-1 s-1. 
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Figure A.50 : Temperature distribution of alloy VII after tensile testing with  
έ=1x10-1 s-1. 
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